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ABSTRACT 
Grade 92 steel is a commonly used material for steam pipe and tube applications in the power 
generation industry. The advantages of Grade 92 steel include excellent creep resistance and 
sufficient corrosion resistance, which provide a long service lifetime expectancy for 
components. Grade 92 steel is typically heat treated by a normalisation process performed at 
approximately 1100°C followed by a tempering process at approximately 750°C. The 
resulting microstructure of Grade 92 steel is composed of a tempered martensitic matrix with 
secondary precipitates distributed both on lath and grain boundaries and within laths and 
grain interiors.  
Welds in thick-section steam pipes made from Grade 92 steel are typically fabricated by a gas 
tungsten arc root process followed by a multi-pass submerged arc fill process. Post weld heat 
treatment (PWHT) is then performed on as-fabricated welds, helping to relieve residual stress 
and stabilise the martensitic microstructure. The microstructures in the HAZs of these 
complicated welds have not to date been fully understood. There is a lack of systematic 
microstructural investigations to define the different regions of the microstructure across the 
HAZ as a function of the welding process.  
In this work, initially the influence of weld fabrication processes on the microstructure in the 
Heat Affected Zone (HAZ) of Grade 92 steel welds has been investigated. Systematic 
microstructural investigations have been carried out on a range of welds from a laboratory 
single-pass weld through to complicated industrial multi-pass welds, using a range of 
characterisation techniques.  
The microstructure in the HAZ of a laboratory single-pass Grade 92 weld has been classified 
into ‘completely transformed (CT) HAZ’, ‘partially transformed (PT) HAZ’ and ‘over 
tempered (OT) HAZ’ regions based on the gradient of peak temperatures to which the 
materials in the HAZ were exposed during welding. In the CT-HAZ region the original 
matrix from the parent metal has been found to be completely re-austenitised, along with a 
complete dissolution of pre-existing secondary precipitates. In the PT-HAZ region, the 
original matrix from the parent metal has been found to be partially re-austenitised, with the 
pre-existing secondary precipitates partially dissolved. A similar grain structure to the parent 
metal has been found in the OT-HAZ regions, together with the coarsening of the pre-
existing secondary precipitates.  
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The microstructural distribution in the HAZ of an industrial multi-pass weld has been 
classified based on the definition of the microstructure in the HAZ of a single-pass weld 
developed in this research. The microstructure in the HAZ of this multi-pass weld has been 
found to be a result of up to two sequential thermal cycles during welding. In the regions that 
were exposed to a peak temperature of above the Ac3 temperature during the second thermal 
cycle, similar microstructural characteristics to the CT-HAZ region in the single-pass welds, 
such as complete transformation of the original martensitic matrix, have been observed. As 
the peak temperature of the second thermal cycle decreases to an intercritical range of 
between the Ac1 and the Ac3 temperatures, the grain structure has been found to be varied 
from a refined, fully re-austenitised matrix to a partially re-austenitised matrix as the peak 
temperature decreases in this range. Upon a peak temperature of lower than the Ac1 
temperature in the second cycle, the microstructures that were obtained after the first thermal 
cycle were not significantly changed, whereas a decrease in hardness has been observed.  
The influence of the PWHT temperature on the microstructure in the HAZs has then been 
investigated. The martensitic substructures in the HAZs have been observed to be recovered 
during PWHT. The undissolved secondary precipitates after welding have also been observed 
to be coarsened during PWHT. 
The microstructures across the HAZs of Grade 92 steel welds have been further linked with 
the distribution of creep damage after long-term creep exposure in order to identify the 
critical regions in the HAZ which show typical microstructural characteristics that lead to 
preferential formation of creep damage. 
Creep cavities in the HAZs have been found to be preferentially nucleated on inclusion 
particles and large grain boundary precipitates. A larger creep cavity size has been observed 
in the regions where the martensitic substructure is not effectively stabilised by grain 
boundary M23C6 precipitates. Other microstructural properties, such as the variation of grain 
boundary density, the distribution of Laves phases and the presence of nano-size M2X 
precipitates, however, have not been found to have a significant influence on the distribution 
of creep damage.  
These results have provided important observations in respect of the weld behaviour in Grade 
92 steels used in power plant applications, and demonstrate not only information for plant life 
management, but also provide insights into future weld process, consumable and heat 
treatment design.  
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CHAPTER 1 INTRODUCTION 
1.1 Background  
Engineering steels which operate under high temperature creep conditions typically contain 
alloying elements which, under controlled heat treatment conditions, lead to the formation of 
precipitates. Detailed assessments are typically carried out to define the temperature ranges 
for the normalizing and tempering conditions for the base steel prior to entering service. 
These conditions produce an appropriate type, size and distribution of precipitates in order to 
optimise the mechanical properties. Quality control processes during fabrication of 
components then ensure that the defined heating rates, holding times, peak temperatures and 
cooling rates are applied.  However, after fabrication of parent material, in most pressure 
boundary applications fusion welding is also required. These fusion welding processes also 
introduce thermal cycles in the base metal and the region subject to these influences is 
typically described as the heat affected zone (HAZ).  The specific thermal history of these 
processes modifies the microstructure and precipitates in the HAZ and thus will influence 
local mechanical properties. 
Experience has demonstrated that the modification of properties as a consequence of welding 
includes changes to creep strength, ductility and fracture resistance. In extreme cases these 
changes in properties can lead to crack development. For example, cracking in ½Cr½Mo¼V 
low alloy steel welds has been found to occur during the post weld heat treatment and in the 
HAZ region adjacent to the weld line [1]. A significant body of research was therefore 
undertaken to understand the factors affecting crack development. This involved work to 
determine specific thermal cycles and the resulting changes in the microstructure and 
properties of the HAZ, and the magnitude and distribution of residual stresses. It was 
established that reheat cracking was the direct result of relaxation of residual stresses in 
microstructures with very low creep ductility. The low ductility in the region immediately 
adjacent to the fusion line was found to be a consequence of the high temperature cycles 
which resulted in a large prior austenite grain size (PAGS) (> 100μm), and compositions 
which had relatively high levels of carbon and vanadium which increased the high 
temperature strength. Solutions to prevent reheat cracking thus involved improving creep 
ductility by reducing the carbon and vanadium levels and the introduction of controlled 
welding procedures which consistently reduced the PAGS.   
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One of the outcomes of this early research was that a generalized approach to describe HAZ 
microstructures was published for welds made from the low alloy ferritic and bainitic steels 
[2,3]. In the case of a single bead on plate weld, the thermal profile can be calculated using 
standard Rosenthal equations [4] and the peak temperature experienced by a particular 
location in the HAZ is a function of distance from the weld source, and in turn from the weld 
line. These descriptions have continued to be used for steels which are within the family of 9-
12 wt.% Cr, tempered martensitic steels. The classical description for the HAZ that is 
commonly applied to most steel grades considers that it is divided into four regions [5]:  
• the coarse grained heat affected zone (CGHAZ) region, in which the original matrix 
was fully re-austenitised with a relatively large prior austenite grain (PAG) size and 
complete dissolution of the pre-existing secondary precipitate particles with a peak 
temperature significantly higher than the Ac3 temperature;  
• the fine grained heat affected zone (FGHAZ) region, in which the PAG size is smaller 
due to the presence of un-dissolved secondary precipitate particles and a peak 
temperature that is close to the Ac3 temperature;  
• the intercritical heat affected zone (ICHAZ) region, in which the original matrix is 
partially re-austenitised with a peak temperature between the Ac1 and the Ac3 
temperatures; 
• the sub-critical heat affected zone (SCHAZ) region, where secondary precipitate 
particles are coarsened and a peak temperature below the Ac1 temperature. 
The thermal history in the HAZ of a multi-pass weld is more complicated and the 
characterization of the weldment needs to include consideration of both the reheated weld 
metal and reheated HAZ regions [6,7]. Each of the weld thermal cycles exposes a given 
region in the HAZ to a variable peak temperature and unique heating and cooling rate 
specific to the distance of the location from the weld source [8].  
Grade 92 steel is extensively applied in the power generation industry for components such as 
steam pipes, headers and tubes. It is a tempered martensitic steel with a nominal chemical 
composition of 9Cr-0.5Mo-1.8WVNb wt. %, which is typically heat treated by normalisation 
at 1040 to 1080°C followed by tempering at 750 to 780°C [9] to achieve a tempered 
martensitic microstructure in combination with the secondary precipitates such as the grain 
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boundary M23C6 carbides and the MX carbonitrides [10]. A variety of conventional arc 
welding techniques, such as gas tungsten arc welding (GTAW), shielded metal arc welding 
(SMAW) and submerged arc welding (SAW) [11], are routinely applied in the fabrication of 
Grade 92 steel components.  
The earlier classifications developed for the HAZ microstructure in ferritic and bainitic steels 
are commonly used in studies describing 9-12 wt. % Cr steel weldments [12-14]. However, it 
is apparent that there is no clear evidence for these steels that PAG size is a key 
microstructural parameter. It appears that creep strength and ductility are not a function of 
PAG grain size in tempered martensitic steels. Indeed, frequently in these components the 
largest grain size is in the base metal away from the weld. Moreover, there is no evidence for 
a widespread susceptibility to reheat cracking in tempered martensitic steels as is documented 
for bainitic CrMoV steels.  
 A meaningful classification of the HAZ in martensitic, 9-12 wt. % Cr steels is therefore 
necessary because these locations are typically life-limited in service and under creep 
conditions by failures in the HAZ. This damage is commonly referred to as ‘Type IV 
cracking’, terminology borrowed from failures in bainitic, CrMoV steels.  HAZ failures in 9-
12 wt. % Cr steels are commonly reported as located in the outer edge of the ‘visible’ HAZ 
close to the parent material. In this context, ‘visible’ defines what can be observed using 
widely-applied light microscopy techniques. It has been reported that HAZ failures in 9-12 
wt.% Cr steel welds can be present either in the FG or the IC regions [12], accompanied by a 
significantly shortened lifetime of weldments compared to bulk material samples [15]. A 
variety of microstructural factors, such as an inhomogeneous distribution of secondary 
precipitate particles [13], the presence of an exceptionally fine grain structure [16] and 
excessively grown precipitate particles [17], have been considered as the possible causes for 
Type IV failure. However, there is not yet consensus on whether a specific microstructural 
factor or a set of factors are dominant in causing HAZ failures. Since many components 
constructed from this family of steels are now exceeding 100,000 hours in operation, there is 
a need to properly characterize HAZ regions and more clearly determine the factors 
contributing to the exact cause of HAZ failure in these materials.  
Typical definitions of the HAZ microstructure in 9 wt.% Cr steel welds are based on 
experimental observations from simple, conventional metallographic examination methods 
using light optical microscopes (LOMs), hardness testing and, in some cases,  basic 
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evaluation in scanning electron microscopes (SEMs) [18,19]. However, these techniques are 
limited in their ability to unambiguously identify critical microstructural parameters in each 
of the HAZ regions, such as the intrinsic grain structure properties and the spatial distribution 
and size of second phase particles. It is therefore considered that in material systems with 
complex microstructures such as those present in martensitic 9-12 wt. % Cr steels, the use of 
more advanced electron and ion microscopy based techniques, such as electron backscatter 
diffraction (EBSD) [20] and ion beam induced secondary electron imaging [21], are essential 
to describe the microstructures accurately. Successful applications of these advanced 
characterisation techniques on the microstructural characterisation of the weld HAZ and the 
bulk materials of 9 wt.% Cr steels have been reported in the recent years [13,22,23]. However, 
there is still a lack of systematic investigations in which the microstructural gradient across 
the HAZ of 9 wt.% Cr steel welds has been thoroughly evaluated and directly linked to the 
local thermal gradient during welding. 
The microstructural evolution within a HAZ subjected to a weld thermal cycle is a function 
of very high heating (and cooling) rates and relatively short times at particular peak 
temperatures which do not allow thermodynamic equilibrium to be attained [8].  For example, 
it has been reported that the α→γ phase transformation can be retarded upon a heating rate 
higher than 20°C s-1 [24]. Micro-segregation of alloying elements, such as those which form 
primary carbides such as Cr and C, has also been reported in Grade 92 steel samples after 
being exposed to the simulated weld thermal cycles [13]. The precipitation and coarsening 
behaviour of precipitates in the martensitic matrix is also likely to be altered when subjected 
to rapid high temperature cycles and may lead to the formation of the metastable secondary 
precipitates such as M3C and M2X [25-27]. Limited work has been carried out to date to 
investigate the non-equilibrium microstructure in the HAZ of Grade 92 steel welds [13,22], 
and therefore there is a need for systematic, high resolution examination of the different 
regions of the heat affected zone in multipass Grade 92 steel welds. 
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1.2 Aims of project 
This research project is part of a collaborative research programme between Loughborough 
University (UK) and EPRI (US). The major aim of this research programme is to improve the 
life management and life control of Grade 92 steel components for steam pipe applications. 
Extensive research has been carried out in an earlier research project in the same programme 
to evaluate the impacts of fabrication conditions on microstructural properties and creep 
performance of Grade 92 parent metal materials, whereas as an extension of that, this project 
focuses on the influences of welding processes and PWHT conditions on microstructure and 
creep performance of Grade 92 steel welds.  
It has been indicated above that the microstructures in the HAZs of complex multi-pass 
Grade 92 steel welds have not yet been completely understood. Therefore, in order to 
understand the influences of microstructural variation in the HAZs on the creep performance 
of Grade 92 steel welds, it is of critical importance to clearly identify the microstructural 
distribution in the HAZs, which is one of the key aims of this project.  
It has also been identified that the mechanism by which Type IV failures occur in Grade 92 
steel welds has not been completely understood. In order to reduce the risk of Type IV failure, 
it is of significant importance to identify the critical microstructural factors that contribute to 
the presence of Type IV failure. Therefore, as another aim of this project, the influences of a 
wide range of microstructural factors on the accumulation of creep damage have been 
evaluated.  
For a better control of the HAZ microstructure and an improvement in creep properties, it 
was also considered to be important to link the initial microstructures of as-fabricated welds 
with the microstructural observations in creep-exposed welds. Another aim of this project 
was therefore to establish an understanding of the influence of the initial fabrication 
processes on the resulting creep performance of Grade 92 steel welds. 
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1.3 Layout of thesis 
In order to provide a detailed introduction to the current-state-of-the-art in studies of Grade 
92 steel welds, the related existing works in literature have been extensively reviewed in 
Chapter 2. The literature review covers topics including the basic metallurgy of Grade 92 
steel, the general microstructural characteristics in Grade 92 steel and its weld joints, the 
creep behaviour of Grade 92 steel welds and the microstructural evolution in these welds 
upon creep exposure.  
Chapter 3 introduces the detailed experimental procedures that have been used to characterise 
the microstructures in Grade 92 steel weld samples. A wide range of characterisation 
techniques, such as energy dispersive X-ray spectroscopy (EDX), electron backscatter 
diffraction (EBSD), ion beam induced secondary electron (SE) imaging, X-ray fluorescence 
(XRF), selected area electron diffraction (SAED), fast-Fourier transformation (FFT) of 
atomic resolution micrographs and three-dimensional (3D) SE tomography, have been 
applied to provide comprehensive and complementary microstructural characterisation of the 
HAZs of Grade 92 steel welds.  
In order to understand the initial microstructure of Grade 92 parent metal, microstructural 
characterisation has been carried out on parent metal samples before welding. Chapter 4 
introduces the microstructural properties in the Grade 92 parent metal, prior to any welding 
being carried out. 
HAZ microstructures in as-fabricated Grade 92 steel welds have been studied, from a simple 
single-pass bead-on-plate weld to the more complicated double and multi-pass welds in order 
to evaluate the influence of the welding process on the resulting microstructures of Grade 92 
steel welds. In particular, to understand the influence of weld heat inputs on microstructural 
development and for a deeper understanding of the microstructural distributions in the HAZs, 
the weld thermal cycles in bead-on-plate welds have been simulated in the parent metal to 
reproduce homogeneous materials with typical microstructures. Microstructural 
characterisation has then been conducted on these materials. Chapters 5 and 6 introduce the 
microstructural distributions in the HAZs of single-pass and multi-pass Grade 92 steel welds 
respectively.  
Chapter 7 introduces the influences of PWHT conditions on the HAZ microstructures in 
Grade 92 steel welds. The microstructures in a multi-pass Grade 92 steel weld have been 
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characterised in detail to compare with the microstructural observations from the as-
fabricated welds. PWHTs have also been conducted on the HAZ simulation materials at two 
different temperatures that are the limits of applicable industrial codes to evaluate the 
influences of PWHT temperatures on the resulting microstructures in the HAZs of Grade 92 
steel welds. 
The microstructures in the HAZs and the weld metals of creep-exposed Grade 92 cross-weld 
specimens have been extensively characterised and are discussed in Chapter 8. An overview 
of the microstructure has firstly been provided by backscattered electron (BSE) imaging and 
XRF. The distribution of creep damage in the welds has then been evaluated using a large-
scale BSE imaging technique to locate the damage susceptible regions in the welds after 
long-term creep exposure. By using a wide range of characterisation techniques including 
EBSD, EDX, and ion beam induced SE imaging, the variation in creep cavity distribution in 
the HAZ has been compared with a wide range of microstructural factors, such as hardness, 
grain structure and the distribution of secondary precipitates to evaluate the relative 
significance of these factors on the accumulation of creep damage. Localised 3D SE 
tomography has also been conducted in conjunction with a focused ion beam to identify the 
microstructural features that are associated with creep cavities. The understanding from the 
microstructural observations from creep-exposed welds has been related to the welds which 
were free from creep exposure to indicate the impacts of the initial weld fabrication processes 
on the creep performance of Grade 92 steel welds. 
In Chapter 9, the understanding gained from all of the detailed experimental studies in this 
project have been reviewed and summarized. Further research that is considered to be 
important in the future has also been proposed.  
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CHAPTER 2 LITERATURE REVIEW 
2.1 Introduction 
Grade 92 steel was initially developed in the 1970s as a candidate material for steam pipes 
and headers in thermal power plant. Grade 92 steel is a 9Cr steel that has a complicated 
chemical composition with major alloy elements W, Mo, Nb and V. Grade 92 steel is 
typically heat treated by normalisation followed by tempering to achieve a tempered 
martensitic microstructure in combination with secondary precipitates. Compared to the main 
stream steam pipe materials such as Grade 91 steel, Grade 92 steel has been found to have a 
superior creep resistance at the elevated temperature range such as 500 - 600°C, which makes 
it an attractive material for steam pipe applications.  
Grade 92 steel is compatible with most fusion welding processes. In practical application 
conditions, complicated multi-pass welds are commonly fabricated on Grade 92 steam pipes 
using automated welding processes to achieve the necessary weld thickness and toughness. 
The use of carefully controlled welding procedures and suitable alloy composition selection 
for weld fillers, helps to ensure that structural defects that could be introduced during the 
fabrication processes of welds can be prevented to assure weld quality. Post weld heat 
treatment is also commonly applied to the as-fabricated welds in Grade 92 steam pipes, under 
the guideline of relevant codes to stabilise weld microstructure and relieve residual stress.  
Type IV cracking, which refers to the premature cracking problem that occurs in the heat 
affected zones (HAZs), is a known problem to 9-12% Cr steels.  The welds in Grade 92 
steam pipe have also been reported to exhibit Type IV cracking after long-term creep 
exposure, which significantly limits service lifetime periods of these welds. Extensive 
research has been done to overcome the Type IV cracking in Grade 92 steel welds. Most of 
the work to date focuses on investigation of the creep behaviour of Grade 92 steel welds, 
microstructural characterisation in creep exposed Grade 92 steel welds and model predictions 
of the thermal and stress distributions in as-fabricated Grade 92 steel welds. These existing 
studies have contributed to a better understanding of the Type IV cracking behaviour of 
Grade 92 steel welds.  However, owing to the very complex microstructure in Grade 92 steel 
welds and highly variable welding conditions that are used by different manufacturers, the 
Type IV cracking behaviour in Grade 92 steel welds is still not completely understood. In 
order to consider optimising the creep performance and improving service life management 
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of Grade 92 steel welds, there is therefore an urgent need to identify the critical regions that 
are susceptible to Type IV cracking and to determine the critical factors that control the 
presence of Type IV cracking.  
This chapter extensively reviews the existing work in literature and broadly covers important 
aspects around the fabrication and the application of Grade 92 steel welds. Particular 
attention has been paid to the introduction of existing work on Type IV cracking in Grade 92 
steel welds to introduce the current state-of-the-art understanding and the existing 
ambiguities that are associated with the Type IV cracking in Grade 92 steel welds. 
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2.2 Historical development of 9-12% Cr creep resistant steels  
Grade 92 steel is empirically categorized in the family of 9-12% Cr creep resistant steels 
since initially it was developed based on the previous 9-12% Cr creep resistant steels that 
were used for steam pipe applications. It was considered to be necessary to review the 
historical development of 9-12% Cr steel to understand the background of Grade 92 steel. A 
schematic diagram illustrating important historical developments of 9-12% Cr steels is shown 
in Figure 2.1. 
The history of the 9-12%Cr creep resistant steels can be traced back to the 1950s when a 
12%Cr steel with the designation X20CrMoV12-1 was developed in Germany [9].  This steel 
was alloyed with 12 wt. % Cr, 1 wt. % Mo and 0.25 wt. % V [9], and it was designed to 
provide good mechanical properties at elevated temperatures via solid solution hardening and 
precipitation strengthening [12]. At about the same time, the H46 and the FV448 steels were 
developed in the UK. These two alloys were added with extra Nb and N for an improved 
short-term creep strength due to the precipitation of fine MX (i.e. M: Nb, V; X: C, N) 
particles [28]. However, the applications of these alloys were limited to small-size simple-
shape components due to significant segregation in ingots. An onward development on the 
9Cr creep resistant steel was achieved in the 1960s by the Japanese TAF steel (i.e. number 4 
in Figure 2.1) in which a minor level of B was added [28]. This alloy was found to show 
higher creep rupture strength [29], whilst the application of this steel was still limited to 
small-size components [28]. Another important development in the 1960s when the 
11%CrMoVNbN steel was developed by General Electric Company, USA. This alloy was 
designed with low contents of Nb and N to prevent the segregation problem in heavy ingots 
and it was also benefited from the prevention of δ-ferrite due to the balanced contents of Mo 
and Ni [28]. 
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The mainstream creep resistant steels that are being used today were originated from the late 
1970s when Grade 91 steel was developed in the US. The major alloy elements in this alloy 
include 9 wt. % Cr and 1 wt. % Mo, and the C concentration in this alloy was kept low at 
about 0.1 wt. % to ensure a good weldability [12]. Grade 91 steel was found to show superior 
mechanical properties compared to previous materials. It quickly achieved wide applications 
in pipeline systems [9]. A great development in the 9Cr creep resistant steels was achieved in 
the 1980s upon the emerging requirements for reduced pollutions and increased efficiencies 
Figure 2.1. A
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atic diagram
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of power plants. Important alloys that were developed in the 1980s include 
X12CrMoWVNbN 10-1-1 (Europe), Grade 92 (Japan) and P122 (Japan) steels. Both Grade 
92 and P122 steels exhibited superior long-term creep resistance than Grade 91 due to partial 
replacement of Mo with W. The presence of W was found to enhance the microstructural 
stability of the alloy by retarding the coarsening rate of the M23C6 carbides. Grade 92 was 
also added with minor levels of B to further stabilise carbides, whereas P122 was alloyed 
with a low level of Cu to prevent the formation of δ-ferrite [12,28].  
To date 9-12% Cr steel is still under development under the motivation of increasing energy 
efficiencies of power plants. Heavy investments have been made by the EU countries, Japan 
and the US to develop the materials that are capable of working at a higher steam temperature 
of up to 650°C [30]. Figure 2.2 shows a schematic diagram summarizing international 
research projects on the development of 9-12% Cr creep resistant steels since the 1970s [28]. 
Most of the current developments on 9-12% Cr creep resistant steels are focused on the 
improvement of microstructural stabilities since it is closely linked with an improved long-
term creep resistance. Recent achievements on the development of 9-12% Cr creep resistant 
steels include the B and N strengthened martensitic steels (e.g. the MARBN steel) and the 
oxide dispersion strengthened (ODS) 9 Cr steels [31,32].  
 
Figure 2.2. A schematic diagram summarizing international research projects on the development of 9-12% 
Cr creep resistant steels since the 1970s [28].
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2.3 Metallurgy of Grade 92 steel 
Background research of Grade 92 steel was conducted from a metallurgical aspect to indicate 
the design philosophy of this material. This section reviews the knowledge that is related with 
the metallurgy of Grade 92 steel, from the introduction of the basic Fe-C system to a range of 
alloy elements that are included in the typical chemistry of Grade 92 steel. 
2.3.1 The Fe-C binary system  
The definition of steels is the Fe alloys with a C concentration lower than 2 wt. %. The 
knowledge of the Fe-C binary system is of great importance since it is the foundation on 
which many important concepts for steels were established. The equilibrium phase diagram 
of the Fe-C binary system is shown in Figure 2.3. 
 
Figure 2.3. The equilibrium phase diagram of the Fe-C binary system with the weight fraction of C 
ranging from 0 to 0.05 in a temperature range of 500°C - 1800°C, after [2]. 
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According to C concentration, steels can be further classified as the hypoeutectoid steel (0.03 
- 0.77 wt. % C), the eutectoid steel (0.77 wt. % C) and the hypereutectoid steel (0.77 - 2.00 
wt. % C). Typically, the C concentration in Grade 92 steel is controlled in a lower level in the 
regime of hypoeutectoid steel. 
The major phase constituents that are normally obtained in steels at the ambient temperature 
include the α-iron, or ferrite, and the Fe3C cementite owing to the low C content in steels. 
The α-iron possesses a bcc crystal structure with a lattice parameter of 2.86 Å. The solubility 
of C in the α-iron is low, with a maximum value of 0.02 wt. % at 723°C [33]. The Fe3C 
cementite is a metastable intermetallic compound with a C content of 6.67 wt. %. It shows an 
orthorhombic crystal structure with lattice parameters: a=4.52 Å, b=5.09 Å and c=6.74 Å, 
and each unit cell of cementite contains 12 Fe and 4 C atoms [33].  
When temperature is raised to above the A1 temperature (the P-S-K line in Figure 2.3), which 
is 723°C for the Fe-C alloys, the α-iron and the cementite start to be transformed into the γ-
iron, or the austenite. This transformation is stopped when the system is heated above the A3 
temperature (the G-S line in Figure 2.3) with the α-ferrite and the cementite completely 
transformed into austenite. Austenite shows an fcc crystal structure with a lattice parameter of 
3.57 Å [33]. This phase is more closely packed than the α-ferrite but it shows a higher C 
solubility with a maximum value at about 2.00 wt. %, which can be attributed to the larger 
interstitial voids in its crystal structure.  
The δ-iron is only stable in the high temperature range between 1393 and 1534°C in a Fe-C 
binary system, and it is associated with a low C solubility, which is less than 0.5 wt. %. The 
δ-iron exhibits a bcc crystal structure with a lattice parameter of 2.89 Å [33].  
2.3.2 Influences of alloy elements 
Grade 92 steel is high alloy steel in which contents of alloy elements can be summed up to 
over 10 wt. %. Major alloy elements in Grade 92 steel include Cr, W and Mo, with other 
minor elements such as V, Nb and Ni. The addition of various alloy elements can has 
different purposes and influences on microstructure and properties. The concentrations of 
alloy elements are always carefully tailored to achieve an optimum balance. In this section, 
the influences of various alloy elements on the microstructure and properties of Grade 92 
steel are introduced. 
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Cr 
The addition of Cr in steels was primarily for the improvement of the oxidation resistance of 
the steels. The enhanced oxidation resistance of steels with Cr is due to the higher oxygen 
affinity of Cr than Fe, which promotes the formation of protective oxide scales containing the 
oxygen active elements on the surface of components and hence lowers the consumption rate 
of Fe in oxidation processes [34,35]. Extensive investigations have been made on the effect 
of the Cr concentration on the oxidation resistance of steels in different atmospheres. Figure 
2.4 shows the oxidation rates of various 9-12% Cr steel with various Cr contents in air and 
steam contained atmosphere. The oxidation rate in steam contained atmosphere was found to 
be higher than that in air [35]. A decreased oxidation rate was also observed upon increased 
Cr content [35]. 
 
Figure 2.4. The mass changes of the steels with different Cr contents in corrosive environments [35]. 
Cr is an α-stabilizer which expands the α phase region in the phase diagram of Fe-based alloy 
systems [33]. Figure 2.5 shows the binary phase diagram of the Fe-Cr system. The 
microstructure of Fe-Cr alloy is completely ferritic when the content of Cr exceeds 12.7 wt. % 
[34]. The transition region between the α and the γ regions also gets to the minima at a Cr 
content of about 9 wt. %, which is beneficial for the formation of a fully martensitic 
microstructure upon quenching.  
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Figure 2.5. The Fe-Cr binary phase diagram shows a minimum transition region between the α and the γ 
regions at a Cr content of about 9 wt. % [10]. 
The addition of Cr can also contribute to a certain level of solid solution strengthening when 
it enters in the bcc and the fcc phases of steels [2]. However, when added at a high level, the 
presence of Cr can deteriorate the toughness and ductility of steels, especially when in 
combination with high contents of C and N [34]. Cr is also a strong carbide former which has 
a high affinity to C. In Grade 92 steel, carbides, particularly in the form of the M23C6 type (i.e. 
M stands for Fe and Cr), are formed with a higher stability than the Fe3C cementite [33]. In 
addition, Cr is closely linked with the formation of intermetallic compounds, such as the σ 
phase and the Laves phase, when interacting with the other alloy elements [34]. 
W and Mo 
W and Mo are among the major alloy elements in Grade 92 steel. These two elements can be 
effectively solved in the matrix of steels upon heat treatment to deliver strong solid solution 
strengthening effects [28]. Figure 2.6 exhibits a comparison of creep rupture strengths 
between Mo-contained steels and the early developed CMn steels without the addition of Mo. 
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Figure 2.6. A comparison of the proof and the creep rupture strengths between the early CMn (e.g. P235 
and P355) and Mo-contained steels [36]. 
W is also commonly added in Grade 92 steel as a solid strengthening element. It also 
contributes to the formation of secondary precipitates in Grade 92 steels [10,34]. W has also 
been observed to enhance the long-term microstructural stability of steels by decreasing the 
recovery rate of martensitic structure and the coarsening of carbides [37,38]. However, W 
and Mo are α-stabilizers that can promote the formation of the residual δ-ferrite in the 
microstructure of steels after heat treatment. They are also strong carbide formers which 
consume the free C in the microstructure of steels [34]. Therefore, a balanced concentration 
for W and Mo with the other alloy elements is essential for high Cr creep resistant steels.  
V and Nb  
The major contribution of the elements such as V and Nb in high Cr creep resistant steels is 
to provide improved mechanical properties via precipitation hardening. Owing to strong 
affiliation with C and N, the addition of these elements promotes the formation of finely 
dispersed carbides and carbonitrides particles in steels. 
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Figure 2.7 compares the creep rupture strength of the steels with and without the addition of 
Nb and V. It has been found that the addition of Nb and V contributes to an improved 
strength of steels via the formation of finely dispersed MX (M: Nb, V; X: C, N) carbonitrides. 
In Grade 92 steel, the contents of Nb and V are controlled at minor levels (i.e. Nb: < 0.1 
wt. %; V: < 0.5 wt. %) to prevent the formation of the residual δ-ferrite and segregation 
problems in heavy ingots [28,34]. 
 
Figure 2.7. The comparison of long-term creep resistance between creep resistant steels without (a and b) 
and with the addition of Nb (c) and V (d) [28]. 
Al, Si and Mn 
Al is normally added in 9Cr steels as a deoxidizer in steel-making processes. It is also used as 
an effective grain refiner which decreases the prior austenite grain size of the steel, especially 
when it is before the quenching stage [39]. However, the concentration of Al in Grade 92 
steel is controlled to a minor level (i.e. normally less than 0.1 wt. %) as this element can 
promote the formation of ferrites and has a negative effect on the creep strength of steel by 
promoting the formation of AlN precipitates [40].  
Si and Mn are also added in 9Cr steels at minor levels that are less than 1 wt. % as 
deoxidizers. The addition of Si was also reported to enhance oxidation resistance in steam 
contained atmosphere in a higher temperature range [34,41]. However, Si at an excessive 
level can be harmful to the toughness of steels by promoting the formation of residual δ-
ferrite phases [42].  
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Mn, apart from being an effective deoxidizer, can also help to improve the ductility of the 
steel mainly by retarding the formation of the δ-ferrite [42]. It also has a stronger affiliation to 
S than Fe and hence it helps to eliminate hot cracking by forming soft MnS inclusion 
particles [34]. However, the excessive addition of Mn has a strong influence on the AC1 
temperature. Therefore, the combination of Mn and Ni contents is normally controlled to less 
than 1.5 wt. % [42]. 
Other elements  
Ni is also commonly added in Grade 92 steel to enhance toughness by eliminating the 
presence of residual δ-ferrite as a strong γ-stabiliser. However, at an excessive level, Ni can 
dramatically decrease the A1 temperature of steel, which is likely to induce the formation of 
untempered martensite at normal tempering temperatures. Moreover, the addition of Ni was 
also reported to decrease the creep strength of steels mainly owing to the accelerated 
coarsening rate of precipitates [43]. Therefore, the content of Ni in Grade 92 steel is normally 
controlled at about 0.5 wt. % [42]. 
S and P are common impurities in Grade 92 steel. These two elements are added in minor 
levels (i.e. less than 0.1 wt% [28]) to improve machinability. S and P have negative effects on 
toughness by promoting the formation of ferrite and non-metallic compounds [44]. They can 
also degrade the weldability of steels as well as cause hot crack problems to steels [34]. 
The interstitial elements such as C and N are essential for Grade 92 steel. The presence of 
these two elements contributes to precipitation strengthening effect via the formation of 
finely dispersed carbides and carbonitrides. The concentration of C in Grade 92 steel is 
controlled at about the 0.1 wt% level since C at a high level has a negative effect on the 
corrosion resistance of the steel by excessively consuming Cr to form Cr-rich precipitates 
[34]. In addition, a decreased C concentration in a 9Cr-3W-3Co-0.2V steel has also been 
observed with an increase in the creep resistance [45]. The addition of N in Grade 92 steel 
induces the formation of finely dispersed MX type of carbonitride and hence delivers a 
precipitation strengthening effect.  
B is also commonly added in Grade 92 steel in a minor level (i.e. typically less than 0.01 wt. % 
[46]). Particular attention has been paid to the influence of B on the microstructure and the 
properties of 9Cr creep resistant steels in the recent years. It has been reported that the 
addition of B has helped to enhance the microstructural stability of Grade 91 [47] and 9Cr-
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3W-3Co-VNb steels [48]. The major mechanism by which the addition of B helps to enhance 
the microstructural stability is via the decrease of the coarsening rates of the grain boundary 
M23C6 carbides.  
Cu is also commonly added in the recently developed 9Cr steels to improve the creep 
strength via the formation of finely distributed Cu-rich precipitates [49]. Cu is also 
occasionally added as the replacement of Ni (e.g. Japanese HCM12 rotor steel) since it does 
not have a strong influence on the A1 temperature [50]. 
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2.4 Microstructure of Grade 92 steel 
Typical microstructure of Grade 92 steel is a tempered martensitic matrix in combination 
with secondary precipitates such as M23C6 carbides and MX carbonitrides. Minor precipitates 
such as the M3C cementite and the M2X precipitate can also be occasionally observed in 
Grade 92 steel. Relevant knowledge on the microstructure of Grade 92 steel was extensively 
reviewed and introduced in this section.   
2.4.1 Martensite 
Upon typical heat treatment processes, the microstructure of Grade 92 steel is predominantly 
composed of tempered martensite. Figure 2.8 shows a secondary electron micrograph 
showing the tempered martensitic matrix in Grade 92 steel. 
 
Figure 2.8. A secondary electron micrograph showing the tempered martensitic matrix in a Grade 92 
steel sample as revealed by etching.  
The microstructure in Grade 92 steel is fully martensitic after being normalised at above the 
Ac3 temperature [9]. Martensite is normally formed athermally after being cooled from the γ 
phase region at a sufficient cooling rate. Typical start and end temperatures for martensitic 
transformation in 9Cr creep resistant steels is around 400°C and 100°C respectively [9,51]. 
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At the end of martensitic transformation, the matrix is predominantly composed of martensite 
with minor levels of retained γ phase.  
As a supersaturated solid solution of C in Fe, martensite shows a body-centred tetragonal (bct) 
crystal structure with the C atom sitting in the octahedral interstitial positions. Figure 2.9 
shows a schematic diagram illustrating the lattice structure of martensite. The tetragonality of 
the crystal structure of martensite increases with the C content in a relationship of: 
𝑐𝑐
𝑎𝑎
= 1 + 0.045 𝑤𝑤𝑤𝑤. % 𝐶𝐶 
 
Figure 2.9. The schematic diagram showing the crystal structure of martensite [2]. 
The transformation from austenite to martensite is a diffusionless process in which the 
chemical compositions of the transformation products and the parent phases are identical. 
The lattice correspondence between martensite and the γ phase can be explained by the basic 
Bain’s model as shown in Figure 2.10, in which martensitic transformation is associated with 
a homogeneous lattice distortion in crystal structure [33]. A latter theory (e.g. the Greninger 
and Trojano model [52]) has also complemented the martensitic transformation mechanism 
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by introducing inhomogeneous lattice distortions (i.e. lattice invariant deformation) into the 
transformation model. 
 
Figure 2.10. The Bain’s model of the martensitic transformation from the fcc γ phase: (a) the lattice 
correspondence of martensite and the γ phase; (b) the schematic diagram showing the lattice distortion 
associated with the martensitic transformation [2]. 
In low carbon steels with a C concentration of less than 2 wt. %, martensite was found to 
obey a Kurjumov-Sachs orientation relationship of {111}γ // {011}α', <1
_
01>γ // <1
_
1
_
1>α' with 
the parent γ phase [53]. It has been identified from cubic systems that there are 24 equivalent 
crystallographic variants of the Kurjumov-Sachs orientation relationship, based on which a 
hierarchy of the martensitic microstructure was defined [53,54]. Accordingly, a prior 
austenite grain (PAG) was firstly classified into packets, which refers to the groups of 
martensites that are grown on an identical {111} crystal plane of the parent γ phase. Each 
packet was further divided into blocks which are composed of the martensites sharing 
identical crystallographic variants. Each block is composed of the laths sharing similar crystal 
orientations [53]. Extensive studies by electron backscatter diffraction (EBSD) indicated that 
the misorientations of the packet and block boundaries are roughly in the range of 10° - 20° 
and 50° - 60° [53], whereas the boundaries showing a misorientation of 20° - 50° are most 
likely to be the prior austenite grain boundaries (PAGBs) since the PAGBs are expected to 
follow a Mackenzie type distribution of grain boundary misorientation for non-textured cubic 
structure  [55]. The misorientation of the boundaries between laths is normally less than 10° 
[53] and hence cannot be accurately defined from EBSD studies since the orientation 
resolution of EBSD analyses is normally around 2° [20].   
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2.4.2 M23C6 carbides 
M23C6 (M: Cr, W, Mo) carbides are common microstructural features in 9Cr steels. In 9Cr 
steels, M23C6 carbides are normally formed in a submicron size on lath and grain boundaries. 
Figure 2.11 shows the M23C6 carbides particles on lath boundaries of Grade 92 steel.  
 
Figure 2.11. The M23C6 carbides as indicated by the red arrows on lath and grain boundaries in Grade 92 
steel after being tempered at 775°C [10]. 
The M23C6 carbides are mainly formed during tempering process by replacing the unstable 
M3C cementite [10]. The M23C6 carbides possess an fcc crystal structure with a lattice 
parameter of 10.638 Å [56]. It has also been reported that the M23C6 carbides obey an 
orientation relationship of (110)α // (111)M23C6 to the α-Fe matrix [57]. The presence of the 
M23C6 effectively stabilise the microstructure of Grade 92 steel by pinning lath and grain 
boundaries. 
2.4.3 MX carbonitrides 
The MX (M: Nb, V; X: C, N) carbonitrides are commonly formed in the microstructure of 
Grade 92 steel. These carbonitrides are normally present within lath and grain interiors with a 
smaller size of less than 100 nm [10]. Common types of MX carbonitrides in the 9Cr steels 
include the spheroidal NbC, the plate-like VN and the ‘V-wing’ types of MX complex [58]. 
Figure 2.12 shows the MX carbonitrides in the microstructure of Grade 92 steel. Both the 
NbC and the VN types of MX carbonitrides possess an fcc crystal structure with a lattice 
 
 
28 
parameter of 4.13 Å and 4.39 Å respectively [59]. The presence of the fine MX carbonitrides 
contributes to improved creep resistance by hindering dislocation movements [60].  
 
Figure 2.12. The presence of MX carbonitrides in the microstructure of a P92 steel after being tempered 
at 775°C [58]. 
The MX carbonitrides exhibit a higher thermal stability than the M23C6 carbides both in heat 
treatment processes and during long-term creep tests. It has been found that the spheroidal 
NbC particles can remain stable in a temperature range of above 1000°C, whereas the VN 
type of MX precipitates are stable in a lower temperature range of below 1000°C [10,61]. In 
long-term creep tests, the changes in size and inter-particle distance of the MX precipitates 
were found to be smaller than the M23C6 carbides [58,62].  
2.4.4 M3C cementite 
The presence of the M3C cementite (M: Fe, Cr) has been observed in the microstructure of 
Grade 92 steel after normalisation. The M3C cementite particles were found to have a needle-
like shape within lath and grain interiors [10]. Figure 2.13 shows the presence of the M3C 
cementite particles in the microstructure of Grade 92 after normalisation. 
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Figure 2.13. The presence of the M3C cementite particles in a TEM thin-foil sample that was obtained 
from Grade 92 steel after normalisation [10]. 
The M3C cementite possesses an orthorhombic lattice structure with lattice parameters a, b 
and c at 4.52 Å, 5.09 Å and 6.74 Å respectively [56]. The M3C cementite in normalised 
Grade 92 steel was observed to obey a Bagaryatski orientation relationship to the martensitic 
matrix, which is (001)c // (1
_
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_
)α׳, [100]c // [101]α׳ and [010]c // [111]α׳ [10]. It has been 
pointed out that upon their formation the M3C cementite particles were nucleated on the NbC 
type of MX carbonitride particles and then grown in size by a diffusion based mechanism 
[63]. It has also been well known that the M3C cementite particles are metastable phases in 
9Cr steels, which were found to be replaced by the more stable precipitates such as the M7C3 
and the M23C6 carbides during tempering process [26,27,63].  
2.4.5 M2X precipitate 
The presence of the M2X (M: Cr, Fe; X: N, C) precipitates has also been observed in the 
microstructure of Grade 92 steel. The M2X were normally observed in 9Cr steels after 
tempering processes that were conducted in low temperatures [26,64]. The M2X precipitates 
possess a hexagonal lattice structure with lattice parameters a and c at 2.80 Å and 4.45 Å 
respectively [65]. It is worth noting that the major elements in the M2X precipitates are 
similar to the M23C6 carbides (e.g. Cr, Fe and C), whereas the relative content of Fe in the 
M2X precipitates is lower than the M23C6 carbides [64], making it possible to differentiate the 
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M2X precipitates with the M23C6 carbides using chemical analysis methods. The M2X 
precipitates in 9Cr steels were found to have smaller sizes than the M23C6 carbides at less 
than 100 nm [26,64], whereas the M2X precipitates in the steels with a higher Cr content (e.g. 
T122 steel) were found to have a larger size and were considered to promote the formation of 
detrimental Z phases [66]. The M2X precipitates in 9Cr steels are metastable phases that were 
found to be replaced by the MX carbonitrides and the Z phases upon creep exposure [66,67]. 
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2.5 Thermal histories in Grade 92 steel welds 
In practical circumstances, welds are commonly fabricated on components made from Grade 
92 steel to fulfil application requirements. Significant microstructural changes are likely to be 
introduced during welding processes upon the exposure of welding heat inputs. This section 
reviews the common welding processes that are compatible with Grade 92 steel and the 
characteristics of weld thermal cycles in the HAZs. 
2.5.1 Overview of common welding processes 
Common welding processes that are used to fabricate welds on the Grade 92 steel 
components that are used in power generation industry include gas tungsten arc welding 
(GTAW), shielded metal arc welding (SMAW) and submerged arc welding (SAW).  
GTAW has been used as the primary welding process on thin-section Grade 92 steel tubes or 
for the root passes on thick-section Grade 92 steel pipes [11]. In principle, GTAW is 
associated with the use of a non-consumable tungsten electrode to create an arc to melt 
workpieces. During the welding process, the welding pool is shielded in the inert gas that 
helps to improve welding quality as well as prevent electrode degradation. Welding fillers, 
based on practical circumstances, are also occasionally used in GTAW processes. It has been 
reported that the welds made by using GTAW exhibit a higher toughness when comparing to 
the welds that are made by the other welding techniques [11]. GTAW is also associated with 
a better control of the welding process due to a lower energy input rate, which also acts as the 
limitation for large-scale applications since the weld deposition rate by using GTAW is 
limited [68].  
SMAW has been used in thick-section Grade 92 pipes for fill and capping passes [11]. 
SMAW is a manual welding processes in which a consumable electrode is covered with a 
flux. Both the parent metal from workpieces and the electrode are melted during welding to 
form a weld pool that is protected by shielding gas and slag layer that are provided by flux. 
SMAW is a versatile welding process with simple facility and operation requirements, which 
makes it popular in power generation industry [68]. 
SAW is also commonly used on Grade 92 components for power plant applications. It is 
commonly used for the fill and capping passes on thick-section Grade 92 steel pipes [11]. 
This technique is based on the application of molten metals using a consumable electrode that 
is buried in a layer of unfused slag. Molten electrode in combination with molten parent 
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metal forms a weld pool that is protected by slag. Figure 2.13 shows a schematic diagram 
illustrating the SAW process. SAW is associated with very high deposition rates of weld 
filler and very good cleanness of fabricated welds due to the protection of the unfused slag, 
which makes SAW a popular process for the welding of large-scale components. For instance, 
automated multi-pass SAW processes are commonly applied to fabricate welds on thick-
section Grade 92 steam pipes [11]. However, it is worth noting that SAW cannot be easily 
controlled in process since the weld pool under slag layer is not visible [68].  
 
Figure 2.13 A schematic diagram illustrating submerged arc welding (SAW) process [68]. 
2.5.2 Weld thermal cycles in Grade 92 steel welds 
The fabrication of welds on Grade 92 steam pipes is commonly associated with complicated 
multi-pass welding processes that are followed by post weld heat treatment. Typical thermal 
histories during the welding processes of Grade 92 steam pipes can be generally categorized 
into three phases: preheating, welding and post weld heat treatment (PWHT). Figure 2.14 
shows a schematic diagram illustrating typical thermal history in the HAZ of a Grade 92 
steam pipe during welding.  
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Figure 2.14 Typical thermal histories in the HAZ of a multi-pass weld on a Grade 92 steam pipe [9]. 
Grade 92 workpieces are commonly preheated prior to welding to decrease hydrogen 
absorption and avoid the risk of hydrogen cracking [42]. Successful preheat processes can 
significantly decrease the risk of hydrogen cracking by improving the dryness of workpiece 
and decreasing the level of pre-existing absorbed hydrogen [69]. In general, a minimum 
preheat temperature of 200°C has been suggested for thick-section Grade 92 components 
[9,42], whereas it has also been indicated that occasionally the preheat temperature of the 
thin-section components on which GTAW processes are used can be as low as 121°C [70].  
During multi-pass welding processes, the inter-pass temperature of workpieces is normally 
controlled at approximately 300°C [9,11], which is between the Ms and the Mf temperatures 
to allow at least partial martensitic transformation after each welding pass. This can not only 
decrease the level of hydrogen absorption during welding since the α׳ martensite involves 
with lower hydrogen solubility [69], but also improve the toughness of weld metal by 
tempering the obtained martensite during subsequent welding passes [42].  
The thermal cycles to which the HAZs in Grade 92 steel welds are exposed during weld 
passes have also been extensively studied by experimental measurements and numerical 
modelling. In general, weld thermal cycles in the HAZ during weld passes were characterised 
with high heating and cooling rates with a short time period during which peak temperatures 
are maintained. Figure 2.14 shows a graph showing typical weld thermal cycles that were 
experimentally measured from the HAZs of the welds on Grade 92 steam pipe.  
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Figure 2.14. Experimentally measured thermal cycles in the HAZs of welds on a Grade 92 steam pipe. 
Thermal couples were attached at various locations in the HAZ of 3 different welds that were fabricated 
using SMAW (MMAW) and GTAW [71].  
It has been well known that the peak temperatures of weld thermal cycles decrease in the 
HAZ against the distance from the weld line, accompanied with decreases in heat and cooling 
rates [72]. The ultimate peak temperature in the HAZ regions that are adjacent to the weld 
line was predicted at approximately 1400°C by numerical modelling, which is close to the 
melting point of the Grade 92 parent metal [72]. High heating rates of over 100°C/s have also 
been extensively indicated by existing work in literature both by experimental measurement 
[71] and numerical modelling [8]. Cooling rates of over 50°C/s (i.e. equivalent to a t8/5 of less 
than 6 s) have also been observed in existing work [8,71].  
Thermal cycles that simulate the weld thermal cycles in the HAZ are commonly applied on 
parent metal samples using dilatometers or Gleeble weld simulators to reproduce the HAZ 
materials with known thermal histories. Thermal cycles that have been used in existing work 
are normally simplified to the cycles with constant heat and cooling rates and a short time 
period during which peak temperatures were maintained. Table 2.1 lists the details of the heat 
cycles that were used in some recent work to simulate weld thermal cycles in the HAZs of 9-
12% Cr steel welds.  
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Table 2.1. Details of thermal cycles that were used in recent existing work to simulate the weld thermal 
cycles in the HAZs of 9-12% Cr steel welds.  
Parent metal materials Heating rate 
(°C/s) 
Peak temperature 
holding time (s) 
Cooling rate (°C/s) 
0.1%C-10%Cr-3%Co-
3%W-V, Nb [73] 
100 10 50 
Grade 92 [13]  100 0.5 100 
Grade 91 [74]  60 Cooled immediately 
as peak temperature 
was reached 
40 (peak temperature 
to 430°C); furnace 
cooling (430°C to 
room temperature) 
Grade 92 [75] Not directly 
stated - heat input 
of 14 kJ/cm was 
provided instead 
Cooled immediately 
as peak temperature 
was reached 
25 
Grade 91 [76] 44 10 7.5 (peak temperature 
to 350°C); 2.5 
(350°C to room 
temperature) 
Grade 91 [77] 60 1 10 
 
After the welding stage, welds are rapidly cooled to obtain a fully martensitic microstructure.  
The temperature to which welds are cooled after welding should be sufficiently low to 
prevent the residual γ phase. A cooling temperature of 100°C is commonly chosen since that 
the Mf temperature of Grade 92 steel was measured at approximately 120°C [9]. The 
martensitic microstructure that is obtained after the welding stage is further tempered in the 
subsequent PWHT processes. The ASME boiler and pressure vessel code has defined a 
PWHT temperature range of 730°C - 785°C [78].  It has also been recommended by AWS 
that PWHTs should be performed at 730°C - 760°C for 1 hour [79]. It has also been 
suggested in other existing literatures that the maximum PWHT temperatures for Grade 92 
steel welds should be less than 780°C [9], or even lower (e.g. 775°C [42]) at high Ni and Mn 
contents. From an industrial perspective, PWHTs are normally performed in a time period of 
2 to 4 hours depending on welding processes, with the most common PWHT temperatures for 
Grade 92 steel welds selected at 760°C [42,78,80].  
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2.6 Microstructure in Grade 92 steel welds 
Due to the complicated fabrication procedures, Grade 92 steel welds for practical applications 
are normally involved with very complex microstructures, particularly in the HAZs and the 
weld metals. Many works have been conducted to investigate the microstructures in the 
HAZs and the weld metals in detail. This section reviews the existing works on the 
investigation of the microstructures in the HAZs and the weld metals of Grade 92 steel welds. 
2.6.1 Microstructural characteristics in the HAZ 
The microstructures in the HAZs of Grade 92 steel welds are extremely complicated due to 
complex thermal histories of the materials in the HAZs during welding. Owing to the thermal 
gradient in the HAZs during welding, significant microstructural variations are likely to be 
introduced in the HAZ. Due to the extreme heating and cooling rates of weld thermal cycles, 
the microstructures in the HAZs were formed in a non-equilibrium condition. The 
complicated thermal histories in the HAZs of multi-pass welds further introduce 
microstructural complexities to the HAZs.   
It has been observed that the current definition of the microstructure in the HAZs of Grade 92 
steel welds is based on the existing definitions of the HAZs in low alloy ferritic and bainitic 
steels. These definitions of the HAZs in low alloy steel were established in the 1990s, which 
was primarily aimed to act as a guidance to improve the creep properties of low alloy steel 
welds by controlling PAG sizes in the HAZs. The microstructures in the HAZs of these welds 
were thus categorized into the following regions depending on the characteristics of PAG 
structure [5]: 
i) the coarse grained (CG) region, where the original matrix was fully re-austenitised 
with a relatively large prior austenite grain (PAG) size due to a complete 
dissolution of the pre-existing secondary precipitate particles upon a peak 
temperature significantly higher than the Ac3 temperature;  
ii) the fine grain (FG) region, where the PAG size is smaller due to the presence of 
un-dissolved secondary precipitate particles upon a peak temperature that is close 
to the Ac3 temperature;  
iii) the intercritical (IC) region, where the original matrix is partially re-austenitised 
upon a peak temperature between the Ac1 and the Ac3 temperatures; 
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iv) the over tempered (OT) region, where secondary precipitate particles are 
coarsened upon a peak temperature below the Ac1 temperature.  
Figure 2.15 shows a schematic diagram illustrating the definition of microstructure in the 
HAZs of a single-pass low alloy steel weld.  
 
Figure 2.15 A schematic diagram illustrating the definition of the microstructure in the HAZ of a single-
pass low alloy steel weld. The HAZ is categorized depending on local thermal histories as CGHAZ, 
FGHAZ, ICHAZ and over-tempered regions [5]. 
The definitions of the HAZs in low alloy steels have continued to be extensively used to 
define the HAZ microstructures in the martensitic Grade 92 steel welds (e.g. [12-14]). 
Compared to the existing experimental observations, a decrease in PAG size against the 
distance from the weld line has been observed in the HAZs of the investigated 9Cr steel 
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welds [18]. However, the ultimate PAG size in the HAZ (i.e. approximately 50 µm [13,18]) 
was found to be much smaller than the PAG size in the parent metal, which suggests that the 
HAZ definition from low alloy steels may not be able to accurately describe the HAZ 
microstructures in martensitic 9Cr steel welds. In addition, the PAG size in the HAZs of 9Cr 
steel welds was not found to be closely linked with the creep performance of these welds, 
which imposes the need for a more accurate definition of HAZ microstructures based on 
critical microstructural factors controlling the creep performances of 9Cr steel welds.   
The microstructures in the HAZs of multi-pass welds are more complicated and critically 
controlled by welding procedures. HAZs are formed both in the parent and the weld metals of 
multi-pass welds as the solidified previous weld metals are also exposed to weld heat inputs 
during subsequent weld passes. The numeric model that was developed by Reed and 
Bhadeshia [81] illustrates the influences of subsequent weld thermal cycles on the existing 
weld metals in a multi-pass weld. Figure 2.16 shows an exemplary weld microstructure of a 
multi-pass weld as predicted by this model.  
 
Figure 2.16. The microstructure of a multi-pass steel weld as predicted by a numerical model [81]. The 
regions possessing different thermal histories are denoted in different colours. The presence of the HAZs 
was predicted both in the parent and the weld metals.  
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More advanced models predicting thermal distributions and phase transformations in multi-
pass welds have been further developed using finite element methods (e.g. [8,72,82]), which 
provides more accurate prediction of weld microstructure in multi-pass welds. 
However, there is still a lack of systematic experimental studies in which thermal 
distributions in multi-pass welds are linked with the local microstructural distributions. Most 
of existing works on microstructural investigations in 9Cr steel welds are limited on typical 
welds with typical welding procedures. By summarizing the observations from these 
experimental works, microstructures in the HAZs of 9Cr steel welds are generally indicated, 
although the comparability and relationships between these independent works on various 
welds were not critically assessed.    
An optical observation [19] from a Grade 91 steel weld has indicated decreased PAG sizes in 
the HAZ against the distance from weld line. The PAG sizes in the regions close to the weld 
line were found at approximately 80 µm, whereas a PAG size of approximately 10 µm was 
observed in the regions further away from the weld line [19]. A similar gradient in PAG 
structure across the HAZ has also been indicated in another study on Grade 91 steel weld [83], 
in which PAG size was found to decrease against the distance from the weld line.  
Microstructural investigations were also extensively performed on the HAZ simulation 
materials that were obtained by weld thermal cycle simulations. In these existing studies on 
HAZ simulation materials, the peak temperatures of simulated weld thermal cycles were 
determined from the Ac1 and the Ac3 transformation temperatures that were measured from 
simulated weld thermal cycles. Table 2.2 shows the experimentally measured Ac1 and the 
Ac3 temperatures during weld thermal cycle simulations on 9Cr steel materials.  
Table 2.2. Experimentally measured Ac1 and the Ac3 transformation temperatures during weld thermal 
cycle simulations.
 Parent metal materials Heating rate (°C/s) Ac1 (°C) Ac3 (°C) 
Grade 91 [76] 60 909 - 939 979 - 988 
Grade 92 [13] 100 ~1105 ~1170 
0.1%C-10%Cr-3%Co-
3%W-V, Nb [73] 
100 ~1120 ~1205 
9Cr-1.5Mo [84] Not stated 903 1001 
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Variations in the measured values of the Ac1 and the Ac3 transformation temperatures were 
observed between different studies. This can be attributed to variations in chemical 
compositions of different alloys, variation in weld simulation conditions and variations in 
measurement methodologies. The transformation temperatures that were measured during 
simulated weld thermal cycles were found to be significantly higher than the published values 
that were measured at a heating rate of lower than 1°C/s (e.g. [9,51]), which can be attributed 
to higher heat rates of simulated weld thermal cycles [24].  
Limited works have been done on the microstructural characterisation of the Grade 92 
materials being exposed to simulated weld thermal cycles. Most of the existing works were 
conducted on the more conventional 9Cr steels such as Grade 91. The experimental 
observations from these relevant alloys reviewed and summarised as follow. In the existing 
works on Grade 91 steels [19,76], the PAG structures in the HAZ simulation materials that 
were exposed to a peak temperature of above the Ac3 temperature were found to be 
composed of the PAGs with a size of approximately 80 µm, whereas a refined PAG structure 
that is composed of the PAGs with a size of approximately 10 µm was observed upon a lower 
peak temperature of close to or lower than the Ac3 temperature. The simulation materials that 
were exposed to a peak temperature of above the Ac3 temperature were found to have a much 
higher hardness than the simulation materials that were exposed to lower peak temperatures 
[83,85].  
The martensitic substructures in the HAZ simulation materials and the HAZs of 9Cr steel 
welds were found to be predominantly composed of martensitic laths after simulated weld 
thermal cycles [13,22]. The presence of the residual δ ferrite was observed in the regions that 
were considered to expose to a peak temperature of higher than the δ/γ transformation 
temperature in the HAZ of a Grade 91 steel weld [19]. The presence of the α subgrains with 
low dislocation densities was observed in the Grade 92 HAZ simulation materials that were 
exposed to a peak temperature of close to the Ac3 temperature [13]. Figure 2.17 shows the 
TEM micrographs showing the presence of subgrains in these HAZ simulation materials after 
PWHT and creep exposure.  
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Figure 2.17. TEM micrographs showing the martensitic substructures in the Grade 92 HAZ simulation 
materials that were exposed to a peak temperature of close to the Ac3 temperature (a) after weld 
simulation, (b) after PWHT and (c) after creep exposure at 650°C and 90 MPa [86].  
The distribution of secondary precipitates in the HAZs of 9Cr steel welds has also been 
investigated. In a recent TEM analysis in the HAZ of a Grade 91 steel weld, a complete 
dissolution of secondary precipitates was observed in the regions adjacent to the weld line, 
whereas the presence of firstly Nb-rich then V-rich MX precipitates was observed as the 
distance from the weld line increases [22]. The presence of the Cr-rich M23C6 carbides was 
observed in the regions with a distance of over 1.5 mm from the weld line [22]. The EDX and 
XRD analyses on the HAZ simulation Grade 91 materials [77] has also indicated the 
dissolution of the V-rich type of MX and the Cr-rich M23C6 carbides during simulated weld 
thermal cycles upon peak temperatures of over 900°C, whereas the Nb-rich MX precipitates 
are more stable upon a peak temperature of over 1000°C.  
Significant stress is also expected to be built up in the HAZ during the welding process and 
retained as the residual stress in the weld. The major sources of residual stress include the 
shrinkage of the molten metal and the phase transformation in the solid state. The residual 
stress in the HAZ of a Grade 91 steel pipe girth weld was measured by S. Paddea et al. using 
neutron diffraction [83]. Figure 2.18 shows the stress distribution maps that were obtained by 
neutron diffraction from a Grade 91 weld both before and after PWHT. The HAZ region was 
observed in a tensile axial stress state, whereas the weld metal was in a compressions stress 
state before PWHT [83]. The residual stresses in both the HAZ and the weld metal were 
found to be reduced by a factor of 5 during PWHT [83]. The FE models established by A. 
Yaghi also predicted a tensile principle stress state in the HAZ near the top of a Grade 91 
multi-pass weld but a moderately compressive principle stress state in the HAZ near the 
bottom of the weld, with a significant decrease in residual stress during PWHT [7].  
(a) (b) (c) 
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Figure 2.18 Stress distribution maps that were obtained by using neutron diffraction from a Grade 91 
steel pipe girth weld (a) before and (b) after the PWHT.  The PWHT process was performed at 750°C for 
4 hours [83].  
2.6.2 Microstructural characteristics in the weld metal 
Major property requirements for the weld metal in Grade 92 steel welds include matching 
creep properties to the parent metal and increased ambient toughness. A range of welding 
fillers are currently commercially available for Grade 92 steel with major manufacturers 
including Metrode®, Bohler® and Oerlikon® [11]. Grade 92 steel welds on steam pipes are 
commonly fabricated by using matching fillers that possesses similar chemical compositions 
to the parent metal [80]. Grade 92 steel is also compatible with dissimilar fillers such as 
Grade 91 steel, low alloy steels and Ni-based superalloys [9].  
Compared to the parent metal, the Ni and Mn contents in the matching fillers to Grade 92 
steels are normally higher to achieve an increased toughness [87]. The Ni and Mn contents 
are normally controlled such that Mn + Ni ≤ 1.5 wt. % to prevent an excessively low A1 
temperature [42]. Si is also commonly added in matching fillers as deoxidant at a level of 0.2-
0.3 wt. % level to improve toughness [42]. The content of B in matching fillers is normally 
chosen at a lower range to improve toughness (e.g. 10 ppm for the Air Liquide OPF® 500 
weld metal [88]). The contents of V and Nb in matching fillers are also kept in lower ranges 
to lower the risk of hot cracking and improve the toughness of the weld metal [9].  
The microstructure of the weld metal in Grade 92 steel welds is the product of a series of 
complicated solidification and phase transformation processes. In the Grade 92 steel welds 
that were fabricated using 9Cr weld fillers, the δ ferrite is the first phase to be formed in the 
weld metal upon solidification of molten weld metals in weld pools [89]. The δ grains are 
grown in a direction with the closest <100> lattice direction of grains in parallel to the 
steepest temperature gradient, which results in a columnar grain structure of the weld metal 
[68]. The cellular/dendritic growth of the δ grain along with the micro-segregation of alloy 
MPa MPa 
mm mm 
mm mm 
(a) (b) 
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elements in the inter-dendritic regions can also be observed during the solidification of the 
molten metal. The theory proposed by Tiller et al. in 1953 links the cellular/dendritic growth 
of solid phases with the rejection of the solute elements from solid phases into the liquid 
during solidification, which leads to a local ‘constitutional supercooling’ of the liquid phase 
near the solid/liquid interface [90]. Other complementary theories, such as the ‘interface 
stability’ theory proposed by Mullins and Sekerka [91], provide complementary theory basis 
for the cellular/dendritic growth in the weld metal. 
With further cooling, the γ phase is expected to form both within the liquid phase and the δ 
ferrite [92]. Depending on chemical and thermodynamic feasibilities, the δ ferrite can either 
be completely or partially transformed into the γ phase, which is further transformed to a 
martensite upon rapid cooling after welding. Occasionally, the presence of the residual δ 
ferrite and γ phase [93] can be observed in the final microstructure of the weld metal upon 
inappropriate chemistries and heat treatment conditions. The martensitic matrix in the weld 
metal will then be tempered in the subsequent PWHT process, giving rise to the formation of 
the M23C6 carbides, the MX and the M2X carbonitrides [94,95]. The presence of Si, Mn-rich 
spherical oxide particles was also commonly observed in 9Cr steel weld metals [93]. 
The microstructures in the weld metals of multi-pass welds are more complicated. The HAZs 
can be presented in the weld metals of multi-pass welds as the microstructures in the 
previously solidified weld metals were further changed during subsequent welding passes 
[96]. There is a lack of experimental studies in which the microstructures in the HAZs in the 
weld metals were investigated in detail. Existing works on the weld metal microstructures are 
focused on the prediction of the overall weld metal microstructure using numerical modelling 
techniques. For instance, the finite element (FE) model established by Yaghi has provided 
reasonable predictions of the overall weld microstructure in multi-pass 9Cr steel welds [72]. 
The model established by Reed and Bhadeshia has also theoretically calculated the influence 
of weld thermal cycles on the microstructure in the pre-existing weld beads to provide 
detailed predictions of microstructures in the weld metal [81]. However, owing to significant 
variations in filler chemistries and welding procedures in different applications, there is a 
need for systematic studies in which the microstructures in the weld metals of multi-pass 
welds are defined.  
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2.7 In-service microstructural evolution and creep behaviour of Grade 92 steel welds 
The understandings of microstructural evolution in Grade 92 steel welds during creep are of 
critical importance since it is closely linked with the creep performance of Grade 92 
components for power generation applications. Extensive studies have been conducted on 
creep exposed Grade 92 weld samples to investigate microstructural evolution during creep. 
An extensive review from the basic concepts of creep to the detailed microstructural 
evolution in Grade 92 steel welds during creep is introduced in this section.  
2.7.1 Basic concepts of creep 
The creep of materials is normally associated with time-dependent plastic deformation under 
a continuous stress at elevated temperatures. For pure metals, three distinctive stages can be 
observed in typical stress-strain creep curves as shown in Figure 2.19: primary creep (stage I); 
secondary creep (stage II) and tertiary creep (stage III) [28]. In stage I, the creep strain rate is 
decreased with increasing time, followed by a constant creep strain rate in stage II, during 
which a balance between strain hardening and dislocation recovery is achieved. In stage III a 
rapidly increased creep strain rate and a decreased flow stress can be observed, which is 
followed by the rupture of the specimen [97]. For engineering steels in which the addition of 
alloy elements influences creep behaviour, the creep strain rate in stage II may not be 
constant with no clear boundaries between the stages II and III (Figures 2.26b and 2.26e).   
The steady-state or the minimum creep strain rates in the three-stage and the two-stage creep 
behaviour were used to predict the rupture time of creep specimens. The relationship between 
creep rupture time and steady-state or minimum creep rate was expressed by Monkman-Grant 
relationship as: 
𝜀𝜀̇𝑚𝑚𝑤𝑤𝑟𝑟 = 𝑘𝑘1                                                                   (1) 
,where 𝜀𝜀̇ the creep strain rate, 𝑤𝑤𝑟𝑟 the rupture time, 𝑘𝑘1 the Monkman-Grant constant and 𝑚𝑚 is a 
constant often equal to 1 [98].  
The Larson-Miller constant was also commonly calculated to predict creep rupture time: 
𝐿𝐿𝐿𝐿 = 𝑇𝑇[log 𝑤𝑤𝑟𝑟 + 𝐶𝐶𝐿𝐿𝐿𝐿]                                                         (2) 
where 𝑇𝑇  is the absolute temperature and 𝐶𝐶𝐿𝐿𝐿𝐿  an experimentally determined constant 
depending on specific materials [99]. This approach is particularly popular in describing the 
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creep behaviour of engineering steels as it allows a logarithmic expression of the applied 
stress by using the Larson-Miller constant.  
 
Figure 2.19. (a - c) Creep strain curves and (d - e) creep strain rate curves of the materials showing ((a), 
(d))  three-stage and((b), (e)) two-stage creep behaviour [28]. 
It has been widely accepted that the rupture of creep exposed specimens involves the 
nucleation and the growth of creep cavities, the coalescence of cavities into microcracks, the 
joining of microcracks into a macrocrack and the propagation of the macrocrack that leads to 
rupture. The nucleation and the growth of creep cavities were extensively considered in 
existing works (e.g. [28,97,98,100]) as the controlling factors of creep rupture time periods, 
since the time periods accounted for cavity nucleation and growth normally occupy a large 
fraction of creep life time period.  
The mechanism by which cavities nucleate in materials has still not been completely 
understood. However, it is commonly observed that cavities are preferentially formed on 
microstructural discontinuities such as grain and lath boundaries and secondary precipitates 
[97]. Many existing works in literature have proposed possible mechanisms for the nucleation 
of cavities in materials. These include the preferential vacancy accumulation in the locations 
with sufficient stress concentration such as grain boundaries [101,102], the stress 
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concentration at the triple point of grain boundaries and hard particles due to grain boundary 
migration [103] and the dislocation pile-ups at the hard particles located on transverse grain 
boundaries [104]. Figure 2.20 shows a schematic diagram describing the possible 
mechanisms for cavity nucleation in materials. 
 
Figure 2.20. Schematic diagrams illustrating nucleation mechanisms of creep cavities: (a) grain boundary 
sliding at triple points, (b) cavity condensation in highly stress concentrated regions, (c) dislocation pile-
ups on grain boundaries and (d) grain boundary sliding on hard particles [97]. 
The growth mechanisms of creep cavities are complicated and varied under different creep 
conditions in various materials. Various models and theories have been proposed to explain 
the growth mechanisms of creep cavities. The creep cavities in pure metals were considered 
to be grown in diffusion based mechanisms via the diffusion of vacancies on cavity surfaces 
[97] or along grain boundaries [105]. The presence of the pre-existing creep cavities can also 
assist the diffusion in the surrounding regions and hence promote the growth of the cavity 
[106]. The growth of creep cavities in more complicated polycrystalline alloys was 
considered to be related with the migration of dislocations and grain boundaries. For instance, 
the migration of grain boundaries was considered to assist the growth of creep cavities and 
lead to the presence of irregular shaped cavities [106,107].  It has also been indicated that 
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upon a higher stress level the growth of creep cavities can also be controlled by the 
dislocation related plastic flow rate of creep exposed materials [108].  
Upon the growth of creep cavities, microcracks were considered to be preferentially formed 
near the regions such as the grain boundaries possessing a higher concentration of cavities via 
the coalescence of cavities [100]. These microcracks are subsequently interlinked to form the 
major creep crack which leads to the final rupture of material. The propagation of the major 
crack can be controlled by the nucleation and growth of cavities ahead of the crack tip due to 
plasticity induced expansion or diffusion [109].  
However, it is worth noting that the creep mechanisms in complicated industrial alloys have 
not yet been completely understood. Attempts have been made to develop theoretical models 
explaining the creep in 9-12% Cr martensitic steels (e.g. [110]), whereas it seems that these 
theoretical models cannot lead to a convincing explanation of the experimentally observed 
creep behaviour of 9-12% Cr steels. Direct observations of the formation process of creep 
cavities are also very difficult due to the extremely small sizes of cavity nuclei and the 
difficulties of direct observations of dislocation migration behaviour. Alternatively, in order 
to understand the microstructural influences on creep behaviour of Grade 92 steels, many 
works have been done after creep tests to correlate the creep properties of 9Cr steels with 
microstructures (e.g. [13,82,111]). However, there is still a lack of studies in which the 
microstructural influences on the creep cavities in Grade 92 steel have been studied in detail.  
2.7.2 Microstructural evolution in Grade 92 steel welds 
Upon the exposure to working loads, the microstructures in Grade 92 steel welds is gradually 
evolved along with time under the influences from both heat and stress loadings, which leads 
to the deterioration in creep properties. It has been extensively observed that the Grade 92 
steel welds exhibit premature creep failure that is preferentially occurred in the HAZs (i.e. the 
Type IV failure). It was thus considered to be significantly important to identify the critical 
microstructural factors that are linked with the presence of Type IV failure. In this section, 
the existing works that investigate the microstructural evolution in Grade 92 steel welds is 
extensively reviewed, covering a range of aspects including the recovery of martensitic 
matrix, coarsening of precipitates and formation of detrimental phases. Some of the existing 
works on the comparable 9-12% Cr creep resistant steels are also included to cover the 
aspects where there is a lack of existing works on Grade 92 steel. 
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Recovery of martensitic matrix 
The recovery of the martensitic microstructure normally involves the formation of subgrains 
with low dislocation densities and the coarsening of the pre-existing substructure due to the 
migration of dislocations [112]. The recovery of martensitic matrix can also lead to a 
heterogeneous dislocation structure and excessively low dislocation densities of the particular 
regions [113,114]. It has been indicated in literature that the coarsening of martensitic 
substructure is a consequence of creep strain. The influence of creep strain on the subgrain 
growth in 9Cr steels can be expressed as [115]: 
𝜆𝜆𝑠𝑠−𝜆𝜆𝑠𝑠𝑠𝑠
𝜆𝜆𝑠𝑠
∗−𝜆𝜆𝑠𝑠𝑠𝑠
= 𝑎𝑎𝜀𝜀                                                         (4) 
where 𝜆𝜆𝑠𝑠 is the subgrain width at a certain strain 𝜀𝜀, 𝜆𝜆𝑠𝑠𝑠𝑠 and 𝜆𝜆𝑠𝑠∗ are the initial and stationary 
subgrain widths respectively and 𝑎𝑎  is a constant independent of creep test condition and 
materials. 
The deterioration of the creep properties of 9-12% Cr creep resistant steels was extensively 
observed to be accompanied with the recovery of the martensitic microstructure (e.g. 
[116,117]). Figure 2.21 shows a graph comparing the creep strain rate and the size of 
subgrains and dislocation density in a martensitic 11Cr creep resistant steel, from which a 
good correlation between the increase in creep strain rate and the increase in subgrain width 
was observed [37].  
It has also been indicated in literature that the coarsening of subgrains in 9Cr steels is 
accelerated upon creep exposure compared to isothermal ageing. A comparison in dislocation 
density between the Grade 91 steel samples that were exposed to isothermal ageing and creep 
test shows a lower dislocation density after creep test [118]. Similar comparisons on 12Cr 
steels between aged and creep tested conditions also exhibit accelerated coarsening of 
subgrains after creep test, as shown in Figure 2.22 [119]. 
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Figure 2.21. A graph comparing the creep strain rate and the athermal stress of 11Cr-2.6W-0.1Mo-CoVN steel with 
subgrain width and dislocation density [37]. 
 
Figure 2.22. A comparison in subgrain growth rate between the G-X12CrMoWVNbN 10-1-1 steel samples exposed to 
annealing and creep test conditions, w is the width of subgrains and Z is the time-compensated creep time incorporating 
both time and temperature [119]. 
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The recovery of martensitic matrix was also observed in the HAZs of 9Cr steel welds. The 
recovery of the martensitic matrix in the HAZ of a Grade 91 steel weld was found to be more 
remarkable than the parent metal after long-term creep exposure, as shown in Figure 2.23 
[82]. The martensitic substructure in the HAZ of an E911 steel weld was also observed to be 
coarsened upon long-term creep exposure [120].  
 
Figure 2.23. TEM micrographs showing the martensitic substructure in the (a and d) weld metal, (b and e) 
HAZ and (c and f)  the base metal in the (a – c) virgin state and (d – f) after creep exposure [82]. 
Coarsening of precipitates 
The secondary precipitates that are distributed on lath and grain boundaries and within lath 
interiors in Grade 92 steels help to stabilise microstructure and enhance creep resistance. A 
simplified approximation of the contribution of precipitation strengthening to the total creep 
strength of the steel can be expressed as [117]: 
𝜎𝜎𝑂𝑂𝑟𝑟𝑠𝑠𝑂𝑂𝑂𝑂𝑂𝑂 = 3.32𝐺𝐺𝐺𝐺 �𝑓𝑓𝑝𝑝𝑑𝑑𝑝𝑝                                                         (5) 
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where G is the shear modulus, b is the Burgers vector, fp is the precipitate volume and dp is 
the mean precipitate diameter. However, the precipitates in Grade 92 steels were found to be 
coarsened during creep, which leads to deteriorated creep properties. 
It has been indicated that the coarsening behaviour of the precipitates in 9Cr steels follows 
the Ostwald ripening equation [117]: 
                                              𝑟𝑟3 − 𝑟𝑟03 = 𝐾𝐾𝑤𝑤                                                             (6) 
where 𝑟𝑟0 is  initial precipitate size, 𝑤𝑤 is the time and 𝐾𝐾 is a constant. The value of the constant 
K for M23C6 carbides in a multi-component system can be expressed as [117]: 
𝐾𝐾 = 8
9
𝛾𝛾𝑉𝑉𝑚𝑚
𝛽𝛽
∑ [�𝑥𝑥𝑖𝑖𝛽𝛽−𝑥𝑥𝑖𝑖𝛼𝛼/𝛽𝛽�2/(𝑥𝑥𝑖𝑖𝛼𝛼/𝛽𝛽𝐷𝐷𝑖𝑖/𝑅𝑅𝑅𝑅)]𝐶𝐶𝑖𝑖=1                                            (7) 
where 𝛾𝛾 is the interfacial energy, 𝑉𝑉𝑚𝑚
𝛽𝛽 is the molar volume of precipitate, 𝐷𝐷𝑖𝑖 is the diffusion 
coefficient of the element i in the matrix, 𝑥𝑥𝑖𝑖
𝛽𝛽  is the mole fraction of element i in the 
precipitate, 𝑥𝑥𝑖𝑖
𝛼𝛼/𝛽𝛽 is the mole fraction of the element i at the precipitate and matrix interface.  
It has been reported that at the higher Mo, Ni and Mn contents the coarsening rate of M23C6 
carbides is increased [121,122] whereas an increase in the contents of W and B has been 
reported to enhance thermal stability and lower the coarsening rate of M23C6 carbides [117]. 
The coarsening of the M23C6 carbides was also found to be more significant upon creep 
exposure compared to isothermal ageing [123]. The MX carbonitrides exhibit a higher 
thermal stability than the M23C6 carbides. The coarsening rate of the MX carbonitrides was 
found to be approximately 10% of the M23C6 carbides, which can be attributable to the lower 
solubility of Nb and V in ferritic matrix [122]. The MX precipitates in Grade 91 steel were 
found to be stable when being aged under a temperature of lower than 650°C, whereas the 
M23C6 carbides were observed to be coarsened after ageing [117]. Both the MX carbonitrides 
and the M23C6 carbides in Grade 92 steel were observed to be stable after being aged under a 
temperature of lower than 650°C [117]. The addition of W and B does not significantly 
influence the coarsening behaviour of the MX carbonitrides [114].  
The coarsening of precipitates in the HAZs of 9Cr steel welds has also been observed in 
literature [82,120,124]. Coarsening of the M23C6 carbides has been observed by T. Watanabe 
et al. in the HAZ of a Grade 91 steel weld after long-term creep, whereas the MX 
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carbonitrides were found to be stable during creep [82]. A more detailed quantitative 
comparison on the coarsening of the M23C6 carbides and the MX precipitates between the 
HAZ and the parent metal of an SMAW welded Grade 911 steel weld has been made by K. 
Sawada et al. [120]. The distributions of the M23C6 carbides and the MX precipitates in the 
HAZ and the parent metal were found to be similar after being creep tested under 600°C and 
80 MPa after approximately 10,000 hours, whereas the M23C6 carbides were found to be 
slightly larger in size compared to the parent metal after 30,000 hours creep [120]. 
Coarsening behaviour of the precipitates in the weld metal of 9Cr steel welds can be varied 
upon the variation in the chemistry of the weld metal. Limited works have been done to 
compare the evolution of secondary precipitates in the weld metals with different chemical 
compositions during creep. It has been observed from the weld metal of a GTAW Grade 92 
weld with a matching filler that the M23C6 carbides were coarsened during creep [125]. It has 
also been observed from a recent work that the sizes of secondary precipitates in the weld 
metal of a Grade 92 steel weld using the Thermanit® 616 filler were larger than the parent 
metal when being creep tested at 625°C, whereas the sizes of secondary precipitates in the 
weld metal were smaller than the parent metal upon a creep test temperature of over 625°C 
[124].  
Formation of Laves phase 
The formation of Laves phases was commonly observed in 9Cr steels upon creep exposure. 
Laves phase normally exhibits a stoichiometric chemistry of Fe2(W, Mo), with the relative 
concentrations of W and Mo varied depending on composition. Laves phase possesses a 
hexagonal lattice structure with lattice parameters a and c at 4.66 Å and 7.74 Å respectively 
[126].  Due to the enrichment of the heavy elements such as W and Mo in Laves phases, the 
characterisation of Laves phases was normally conducted by using backscattered electron 
imaging, which allows a strong contrast differential between Laves phase particles and matrix 
[127]. Figure 2.24 shows a backscattered electron micrograph showing the Laves phases in 
Grade 92 steel.  
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Figure 2.24. A backscattered electron micrograph showing the Laves phases in Grade 92 steel, as 
indicated by arrows [127]. 
The formation of Laves phases is achieved via a balance between the growth and the 
dissolution of particles [112]. It has been indicated by thermodynamic calculations that the 
contents of Mo and Si need to reach certain levels to allow the formation of Mo-rich Laves 
phases [128]. Laves phases are commonly nucleated adjacent to the M23C6 carbides on lath 
and grain boundaries, and they were normally observed after being creep tested for a few 
thousand hours  [127,128]. The micro-segregation of Mo on lath and grain boundaries and the 
segregation of Si around the Si-free M23C6 carbides were found to facilitate the nucleation of 
Laves phases [128,129]. The slow diffusion of Si was considered to cause a slow nucleation 
of Laves phases, as has been extensively observed in existing works [130]. The growth and 
coarsening rates of Laves phase were found to be higher than the M23C6 carbides in 9Cr steels, 
particularly in the B-containing steels in which the M23C6 carbides are significantly stabilised 
(e.g. [117,131]). The maximum growth rate of Laves phases in 9Cr steels was found at 
approximately 650°C [132], close to the normal application temperatures of 9Cr steel 
components and creep test temperatures.  
The influence of Laves phases on the creep properties of 9Cr steel is not completely 
understood. It has been suggested that the presence of the W, Mo-rich Laves phases can 
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deplete the solid solution strengthening elements in the matrix, which leads to a deteriorated 
creep performance [10,131]. However, it has been indicated in other existing works that the 
depletion of solid solution strengthening elements does not significantly affect creep 
properties, whereas the presence of Laves phase on lath and grain boundaries leads to an 
improved creep resistance via precipitation strengthening [117]. In addition, it has been 
considered that upon the rapid coarsening of Laves phases, the presence of large Laves phase 
particles can deteriorate creep ductility by promoting cavity nucleation [60,117].  
Formation of the Z phase 
The Z phase was commonly observed in 9-12% Cr steels after long-term creep exposure. It 
possesses a chemical composition of Cr(Nb, V)N and a tetragonal lattice structure with lattice 
parameters a and c at 2.86 Å and 7.39 Å respectively [133]. The presence of the Z phases was 
not observed in the initial microstructure of 9-12% Cr steels until a creep test time period of a 
few ten thousand hours is reached. It has been indicated in an existing work that the presence 
of the Z phase in Grade 92 steel was not observed until a creep test time period of 30,000-
40,000 hours was reached at 650°C [134]. The postponed formation of the Z phases was 
considered to be cause by a slow nucleation process that involves with a gradual 
transformation of the pre-existing MX carbonitrides upon Cr diffusion [135]. Detailed 
characterisations on the Z phase nuclei in 12Cr steels exhibited a hybrid nature of a Z phase 
nucleus, which consists of the outer regions showing similar chemistry and crystal structure 
to the Z phase and an inner core region showing chemistry and crystal structure close to the 
original MX carbonitrides [59]. Upon chemistry feasibility, the Z phases were observed to 
grow rapidly upon creep exposure, which significantly consume the MX carbonitrides in the 
microstructure and leads to a deteriorated creep performance [114]. The formation of the Z 
phases is sensitive to chemical compositions, particularly the contents of Cr and N. In the 
steels with higher levels of Cr and N, the pre-existing MX carbonitrides were found to be 
severely consumed upon the formation of the Z phases [135].  
The presence of the M2X precipitates was also considered to promote the formation of the Z 
phases. It has been indicated that the presence of the M2X precipitates in 12% Cr steels 
promotes the formation of the Z phases. Upon the formation of the Z phases, the pre-existing 
M2X precipitates were found to disappear from the microstructure, being replaced by the 
more stable MX carbonitrides and the Z phases [136]. The mechanism by which the M2X 
precipitates facilitate the formation of the Z phases is either via the nucleation on large M2X 
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particles [66] or via the diffusion of V and Nb into the M2X particles [67]. The promoted 
formation of the Z phases due to the presence of the M2X precipitates was considered to be 
harmful to the creep resistance of 12% Cr steels since the Z phases grow rapidly in these 
materials [67]. However, as has been indicated in an existing work, the presence of the M2X 
precipitates in Grade 91 steel does not significantly promote the formation of the Z phases 
and also improves the creep performance [137]. 
2.7.3 Type IV failure in Grade 92 steel welds 
The premature creep failure that occurs in the HAZs is a known problem to 9Cr steel welds. 
Such failure is commonly termed as the Type IV failure according to the classification by 
failure location [1]. To date the Type IV failure behaviour in 9Cr steel welds, particularly 
Grade 91 and Grade 92 steel welds, has been extensively investigated. In this section, the 
existing works on the Type IV failure of Grade 92 steel welds are extensively reviewed, 
covering the major aspects such as creep rupture behaviour of weld joints, stress and strain 
evolution in welds and microstructure evolution in the HAZ during creep.  
The creep rupture behaviour of Grade 92 steel welds was extensively studied using laboratory 
creep tests. It has been indicated in literature that the Type IV failure of Grade 92 pipe welds 
dominants in the relatively low stress and high temperature regime [138]. The change in 
failure location from the parent and the weld metals to the HAZs upon the variations in stress 
and temperature has been extensively observed in existing works on 9Cr steel welds (e.g. 
[74,139]), and it has been pointed out that the variation in creep stress is more influential on 
the change of failure location in 9-12% Cr steel welds [12]. As the failure locations shifted to 
the HAZs, the Grade 92 steel welds that exhibited Type IV failure were observed with shorter 
creep rupture time periods than the bulk parent metal [138,140,141], which indicates that the 
presence of Type IV failure significantly limits the service life time periods of the welds on 
the power plant components made from Grade 92 steel.  
The Grade 92 welds that were failed in a Type IV manner were found much lower creep 
strains (i.e. measured by either specimen elongation or reduction in area) than the welds that 
were failed in the parent and the weld metals [138,142,143]. Comparing with the creep 
behaviour of HAZ simulation materials, the creep rupture time periods of the welds that 
exhibited Type IV failure are similar to the creep rupture time periods of HAZ simulation 
materials in the high temperature and low stress regimes [74], whereas the total creep strains 
in HAZ simulation materials were found to be significantly higher than the creep-exposed 
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welds [74,144], which suggests that creep strains were preferentially accumulated in the 
narrow HAZ regions of creep exposed welds during creep tests. Preferential accumulation of 
equivalent strain in the HAZ of a Grade 122 steel weld has also been observed in a finite 
element strain analysis [145], which was considered to facilitate cavity formation. Stress 
distribution analyses by using finite element techniques have exhibited localised 
concentration of stress triaxiality in the HAZ regions that are susceptible to creep damage. 
The exisited studies from laboratory creep tests have shown that the failure location of the 
cross-weld specimens can be either located in the parent metal or the weld metal regions with 
significant plastic deformation at the exposure to high temperature and low stress, whereas 
the weld is preferentially failed in the soft zone of the HAZ with a brittle failure behaviour 
with a much shorter creep rupture life than the parent metal upon a low loading stress and 
high temperature (Figure 2.34). The variation in the stress condition was found to have a 
higher influence on the change of creep failure location compared to the variation in 
temperature, and a critical stress value below which the weld is limited by HAZ failure has 
been indicated by D. Richardot et al. at approximately 120 MPa for the P92 steel [9]. The 
influence from the welding condition on the change of the failure locations on P92 steel 
welds has also been indicated by F. Masuyama et al [138].  
 
Figure 2.34 The creep rupture behaviour of a P91 steel weld at different stress loading conditions: (a) 823 
K and 240 MPa, tr=210 h; (b) 873 K and 130 MPa, tr=1179 h and (c) 923 K and 60 MPa, tr=1517 h. The 
creep curves of the P91 steel weld specimens under different load conditions are shown in (d) [138]. 
(d) 
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Detailed microstructural studies have subsequently shown that the premature creep failures of 
9Cr steel welds in the HAZ are located in the fine grain and/or intercritical regions in the 
HAZ, which can be termed as the type IV cracking according to H. Schüller [1]. 
The mechanism for the type IV cracking in P92 steel welds has not yet been completely 
understood. A stress exponent value of 7.8 has been obtained from the creep curve of a type 
IV failed P92 steel weld by L. Falat et al., which suggested a dislocation-climb-controlled 
mechanism in precipitation strengthened alloy with stable microstructure [146]. However, 
considering the significant degradation of the microstructure in HAZ [144,147], the 
mechanism of the premature creep failure occur in this region can be more complicated. It 
has been indicated by other researchers that the significantly coarsened precipitates such as 
the M23C6 carbides [19] and Laves phase [131] would simulate the formation of creep 
cavities. The promoted formation of the Z phase as reported by C. Berger et al. can be 
another important source for the preferential accumulation of creep damage in the HAZ [148]. 
In addition, G. Eggeler et al. have stressed that the influence from the recovery of martensitic 
matrix on promoting the type IV failure of the steel weld cannot be neglected [147].  
The stress evolution in the HAZ of 9Cr steel welds may also have a close relationship with 
the selected failure behaviour in the HAZ. The stress analyses done by both neutron 
diffraction [7] and finite element (FE) modeling [83] have indicated significant residual stress 
concentration in the HAZ of 9Cr steel welds, which may promote the local creep cavitation in 
this region. The work done by K. Shinozaki, et al. has simulated the stress-strain distribution 
in the HAZ of a high Cr ferritic steel weld [145], and the highly cavitated region in HAZ was 
found to have significantly high equivalent strains. The continuum FE modeling done by T. 
Watanabe et al. [82] indicated that the triaxial stress state in the FG-HAZ due to the 
constraints from the adjacent weld and parent metals may promote the nucleation and growth 
of creep cavities. The FE modeling results from S. Kimmins [149], on the other hand, 
stressed the importance of grain boundary sliding on the formation of creep cavities. 
In summary, the mechanism by which the welds were prematurely failed in the soft zone of 
HAZ is still not fully understood. Both the metallurgical heterogeneity and the 
inhomogeneous stress distribution in the HAZ of the 9Cr steel welds may have been closely 
linked with the presence of type IV cracking, but the microstructural and the stress evolutions 
in the HAZ of 9Cr steel welds have not yet been completely understood.  
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2.8 Summary 
In this chapter, literature research has been conducted on the existing research that has been 
undertaken to investigate the relationship between the manufacturing, the microstructure and 
the property of Grade 92 steel welds. Owing to the complexities associated with mutli-pass 
welding processes, the microstructural distribution in the HAZs of Grade 92 steel welds as a 
function of local thermal gradients has not been fully understood. There is a lack of 
systematic investigations of the influence of manufacturing processes on the microstructures 
in the HAZs of Grade 92 steel welds.   
The influence of microstructure on the creep property of Grade 92 steel welds has not been 
completely understood as well. Although numerous work has been undertaken to investigate 
the mechanism by which premature creep failure was occurred in the HAZs of these welds, 
the critical metallurgical factors that control the effective creep life of these welds have not 
been clearly identified. There is also a lack of extensive, systematic description of typical 
microstructure in the critical regions in the HAZ that are susceptible to creep damage.  
Therefore, the key research questions to be addressed in the subsequent chapters are as 
follows: 
1. What is the influence of weld fabrication processes, such as welding and post weld 
heat treatment, on the resulting microstructure in the HAZs of Grade 92 steel welds? 
2. What are the critical metallurgical factors that lead to the presence of premature 
failure in the HAZs of Grade 92 steel welds after long-term creep exposure? 
3. As a consequence of the thermal gradient in the HAZ during weld fabrication stages, 
what are the typical microstructural characteristics in the regions that are susceptible 
to creep damage? 
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CHAPTER 3 EXPERIMENTAL PROCEDURES 
3.1 Introduction 
In order to understand the influence of the fabrication conditions on the creep performance of 
Grade 92 steel welds for steam pipe applications and to identify the critical microstructural 
factors controlling the presence of creep damage, the microstructure in the HAZs and the 
weld metals of Grade 92 steel welds have been investigated from the initial as-fabricated state 
to the end of creep life. The microstructures in the HAZs examined have been reproduced by 
simulating weld thermal cycles to link the microstructural gradient in the HAZs with the 
thermal gradient experienced during welding. A wide range of ion and electron microscopy-
based techniques have been applied for microstructural characterisation in order to fully 
understand the microstructural characteristics in the HAZs and the weld metals in both the as-
fabricated and the creep exposed Grade 92 weld samples. These include secondary electron 
imaging, backscattered electron imaging, electron backscatter diffraction (EBSD), etc. This 
chapter describes the details of the materials and samples that have been analysed, together 
with full details of the experimental methodology adopted in this research. 
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3.2 Materials and samples 
In order to investigate the detailed microstructural gradient in the HAZs of Grade 92 steel 
welds, laboratory bead-on-plate welds were fabricated on plate sections that were obtained 
from a thick-section Grade 92 steam pipe. The heat treatment of Grade 92 steam pipe 
involves a normalisation process that was performed at a temperature of 1065°C for 1 hour 
followed by a tempering process at 777°C for 2.5 hours. The plate section was obtained in a 
direction in perpendicular to the longitudinal direction of the pipe, and the thickness of the 
plate section is approximately 10 mm. Figure 3.1 shows a picture showing the as-fabricated 
bead-on-plate welds. Table 3.1 shows the chemical composition of the parent metal of bead-
on-plate welds. The welds were fabricated by using a shielded metal arc welding (SMAW) 
process, in which a Midalloy Chromax E9015-B9 H4 coated electrode with a diameter of 3.2 
mm was used. Two weld beads were deposited in parallel to the transverse direction of the 
pipe, with the second bead overlapped with half of the first bead with a bead overlap volume 
fraction of approximately 50%. Weld beads were deposited at an amperage of 125 A and a 
voltage of 22 V, with the electrode travelling at a speed of 165 – 175 mm/min. 
 
Figure 3.1. A picture showing the as-fabricated SMAW bead-on-plate welds that were fabricated on a 
plate section from a thick-section Grade 92 steam pipe. The plate section was obtained from the normal-
transverse plane of the pipe, with the weld fabricated along the transverse direction. 
Table 3.1. The experimentally measured chemical composition of the Grade 92 parent metal in the single-
pass bead-on-plate weld by using inductively coupled plasma optical emission spectrometry (ICP-OE) 
and inductively coupled plasma mass spectrometry (ICP-MS), the balance is Fe. 
Parent metal (wt. %) 
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 Cr Mn Mo Nb Ni Si V W C B  
 8.797 0.49 0.43 0.062 0.38 0.211 0.188 1.836 0.113 0.0041  
 N Al Cu P S Ca Co Ti Zr Sn  
 0.045 0.002 0.189 0.009 0.008 0.002 0.015 0.001 0.004 0.016  
Samples were then obtained from the as-fabricated bead-on-plate weld for detailed 
microstructural analyses in the HAZ. Two cross-weld samples were obtained in a direction 
perpendicular to the welding direction from the single-pass and the double-pass portions (i.e. 
as shown in Figure 3.1) and were designated as ‘BOP-SP’ and ‘BOP-DP’ respectively. One 
sample was also obtained from the parent metal of the bead-on-plate weld and was designated 
as ‘PM’. 
The weld thermal cycles in the single-pass and the double-pass bead-on-plate welds were 
firstly predicted by using Smartweld software. The modelling results that were obtained by 
using Smartweld software are introduced in Section 3.5. Based on the understandings of the 
thermal histories in the HAZ, the weld thermal cycles in the HAZ were then simulated by 
using a dilatometer on the parent metal samples that were obtained from the identical steam 
pipe to investigate the relationship between weld thermal cycles and the microstructure in the 
HAZ. Table 3.2 shows the details of the simulated weld thermal cycles.  
Table 3.2. Details of dilatometry heat cycles that were used to simulate the weld thermal cycles to which 
the materials in the HAZ of a single-pass bead-on-plate Grade 92 steel weld were exposed during welding. 
Heating rate 
(°C/s) Peak temperature (°C) 
Cooling rate from 
peak temperature to 
600°C (°C/s) 
Cooling rate from 600°C to 
the room temperature(°C/s) 
60 830 30 7 
60 850 30 7 
60 900 30 7 
60 950 30 7 
60 1000 30 7 
60 1100 40 7 
60 1250 60 7 
 
The Ac1 and the Ac3 temperatures of the parent metal were then measured from the 
dimensional response as a function of temperature from the samples that were exposed to 
heating cycles with specific heating and cooling rates. An example of a typical dimensional 
response to temperature curve is shown in Figure 3.2a. The transformation temperatures were 
carefully determined from the corresponding points in the curves where they deviated from 
the linear relationship between dimensional change and temperature at the start and the end of 
phase transformations, as shown in Figure 3.2b. Average values and standard deviations of 
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transformation temperatures were determined from three independent measurements. The 
simulated parent metal samples that were exposed to the simulations of weld thermal cycles 
were further heat treated under the conditions close to the standard post weld heat treatment 
(PWHT) processes of Grade 92 steel welds. Table 3.3 shows the details of the PWHT 
processes that were performed on the simulated parent metal samples. Table 3.4 shows the 
designations of the samples that were exposed to the simulations of various weld thermal 
cycles and PWHTs.  
 
Figure 3.2. An example of (a) a change-in-length versus temperature and (b) differentiated-change-in-
length versus temperature curves for the dilatometry samples that were obtained from a thick-section 
Grade 92 steam pipe that was initially heat treated by normalising at 1065°C for 1 hour and tempering at 
777°C for 2.5 hours. The Ac1 and the Ac3 temperatures were measured from the corresponding points 
where the dimensional change of samples deviated from a linear relationship with temperature. Average 
values and standard deviations of the Ac1 and the Ac3 temperatures were obtained from 3 measurements.  
Table 3.3. Details of the PWHTs that were performed on the simulated parent metal samples that were 
exposed to the simulations of weld thermal cycles. 
PWHT 
temperature 
PWHT time 
period 
Heating rate from the room 
temperature to the PWHT 
Cooling rate from the PWHT 
temperature to the room 
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(°C) (hour) temperature (°C/s) temperature (°C/s) 
732 2 5 3 
760 2 5 3 
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Table 3.4. Designations of the parent metal samples that were exposed to the simulations of the weld thermal cycles in the HAZs of single-pass and double-pass 
Grade 92 bead-on-plate welds and the simulated parent metal samples that were exposed to PWHTs.  
Single-pass simulations Double-pass simulations Weld thermal cycle simulation + PWHT 
Sample 
designations 
Peak 
temperature 
(°C) 
Sample 
designations 
Peak temperature (°C) Sample 
designations 
Peak temperature 
of weld thermal 
cycle (°C) 
PWHT 
temperature (°C) 1st cycle 2nd cycle 
DS-830 830 DS-1250+830 1250 830 DS-1250-732 1250 732 
DS-850 850 DS-1250+900 1250 900 DS-1250-760 1250 760 
DS-900 900 DS-1250+950 1250 950 DS-1000-732 1000 732 
DS-950 950 DS-1250+1000 1250 1000 DS-1000-760 1000 760 
DS-1000 1000 DS-1250+1250 1250 1250    
DS-1100 1100 DS-900+1250 900 1250    
DS-1250 1250 DS-830+1250 830 1250    
  DS-1000+900 1000 900    
  DS-900+1000 900 1000    
  DS-900+900 900 900    
  DS-1000+1000 1000 1000    
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The observed microstructural gradients in the HAZs of the relatively simple bead-on-plate 
welds were reviewed in the HAZ of a more complicated multi-pass Grade 92 weld for 
practical steam pipe applications. This weld was fabricated on a thick-section Grade 92 steam 
pipe that was provided by the identical manufacturer of the parent metal of bead-on-plate 
welds. The chemical composition of the parent metal of the multi-pass weld is shown in 
Table 3.5. The fabrication process of the multi-pass weld involves SMAW root pass 
processes and submerged arc welding (SAW) fill pass processes. A standard electrode and 
flux combination has been used for the fabrication of multi-pass weld. The detailed welding 
procedure of this weld is shown in Table 3.6. A schematic diagram illustrating the deposition 
sequence of weld beads in the multi-pass weld is shown in Figure 3.3. Cross-weld samples 
were sectioned in a direction in perpendicular to the welding direction of the as-fabricated 
multi-pass weld for the microstructural analyses in the HAZ and the weld metal and were 
identified as ‘AF-MW’.  
Table 3.5. The experimentally measured chemical composition of the parent metal of a multi-pass SAW 
weld that is fabricated on a thick-section Grade 92 steam pipe. The chemical composition of the parent 
metal was measured by using ICP-OE and ICP-MS. The balance is Fe. 
Element Cr Mn Mo Nb Ni Si V W C B 
(wt. %) 8.86 0.49 0.42 0.074 0.40 0.27 0.228 1.76 0.11 0.0035 
Element N Al Cu P S Ca Co Ti Zr Sn 
(wt. %) 0.0474 0.006 0.16 0.015 0.003 0.0014 0.025 0.004 0.004 0.009 
 
Table 3.6. The details of the welding procedure of a multi-pass weld that is fabricated on a thick-section 
Grade 92 steam pipe. 
Preheat temperature 
(°C) 
Amperage 
(A) 
Voltage 
(V) 
Travel speed 
(mm/min) 
Electrode diameter 
(mm) 
204 - 316 400 30 381 2.4 
 
In addition to the cross-weld samples that underwent interrupted creep tests, the 
microstructure in the HAZs of creep ruptured cross-weld samples were also investigated to 
evaluate microstructural degradation at the end of creep life. The creep ruptured cross-weld 
samples were obtained from the welds in the Grade 92 steel steam pipes that were fabricated 
by the identical manufacturer of the pipes from which the interrupted creep tested samples 
were obtained. These welds were fabricated either by using an SAW or by using an SMAW 
process and were post weld heat treated at 760°C for 5 hours. After the welding stage and the 
PWHTs, cylindrical cross-weld samples were obtained from the welds, with the gauge 
portions of samples in a length of 20 mm and a diameter of 6 mm. The cross-weld samples 
were then creep tested to rupture at a temperature of 625°C and a creep load of 75 MPa after 
 
 
66 
approximately 15,000 hours. After creep tests, the gauge portions in the ruptured cross-weld 
samples were cut off and bisected in the centre of gauge portions for the subsequent 
microstructural analyses. The creep ruptured cross-weld samples were identified as ‘SAW-
RP’ and ‘SMAW-RP’ for the samples that were obtained from the welds made by using 
SAW and SMAW processes respectively.  
Table 3.7. The designations of the cross-weld samples that were exposed to PWHTs at 732°C and 760°C  
prior to being creep tested at 625°C and 80 MPa for 5,000 hours, 8,000 hours and 11,000 hours. 
Sample designations PWHT temperature (°C) Creep test time period (hours) 
WA-5000 732 5000 
WB-5000 760 5000 
WA-8000 732 8000 
WB-8000 760 8000 
WA-11000 732 11000 
WB-11000 760 11000 
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Figure 3.3. A schematic diagram illustrating the deposition sequence of weld beads in a multi-pass SAW 
weld that was fabricated on a thick-section Grade 92 steam pipe. 
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Figure 3.4. (a) A photograph showing the Grade 92 cross-weld sample before creep test (courtesy of J. Siefert and J. Parker, EPRI) and (b) a schematic diagram 
showing the cross-weld sample with the weld position illustrated.  The gauge portion of each cross-weld sample is 60 mm in both length and width and 9 mm in 
thickness. The dotted lines in (b) show the cuts made using EDM.   
(a
 
(b
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3.3 Thermodynamic calculations 
The initial microstructure in the parent metal prior to the welding stage was predicted under 
thermodynamic equilibrium state by using Thermo-calc software version 5.0.0 in conjunction 
with a database of TCFE 7.0. Thermodynamic calculation was performed in a temperature 
range of 500 - 1800°C with an increment interval of 10°C. The chemical composition based 
on which thermodynamic calculations were performed is similar to the experimentally 
measured chemistry of the parent metal. Table 3.8 shows the chemical composition of the 
alloy system based on which thermodynamic calculation was performed. The Gibbs free 
energies of various phase candidates were then calculated and compared during calculation 
process to identify the phases that are associated with the minimum Gibbs free energy under 
certain temperature and pressure condition. The weight fractions of major phase constituents 
and the phase transformation temperatures, such as the Ac1 and the Ac3 temperatures, were 
then predicted by using thermodynamic calculations under the thermodynamic equilibrium 
state.  
Table 3.8. The chemical composition based on which thermodynamic prediction of the microstructure in 
the Grade 92 parent metal was performed, the balance is Fe. 
Elements B Cr Mn Mo Nb Ni Si V W 
(wt. %) 0.0035 8.86 0.49 0.42 0.074 0.4 0.27 0.228 1.76 
Elements C N Al P S Ti Zr Cu  
(wt. %) 0.11 0.0474 0.006 0.015 0.003 0.004 0.004 0.16  
 
Since the microstructures in the HAZ and the weld metal are non-equilibrium after being 
exposed to the weld thermal cycles that are associated with high heating and cooling rates 
[22], the microstructural predictions under the thermodynamic equilibrium state were 
considered to not be useful for the prediction of the non-equilibrium microstructures in the 
HAZ and the weld metal. The microstructures in the HAZ and the weld metal were thus 
investigated in detail by using a wide range of microstructural characterisation methods, with 
the details of which introduced in the following sections.  
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3.4 Hardness analyses 
Hardness analyses were conducted by using a Struers Durascan 70 automatic hardness testing 
system that was equipped with a Vickers pyramid indenter. Typical processes of hardness 
measurement by using this system involve the automatic production of diamond-shape 
hardness indentations on flat, polished sample surfaces followed by automatic focusing and  
measurement processes to obtain the diagonal lengths of indentations.  
In order to determine appropriate loading weight and indenter dwell time for hardness 
analyses, hardness tests were performed on a parent metal sample that was obtained from a 
thick-section Grade 92 steam pipe under various testing conditions. Figure 3.4 compares the 
hardness values that were obtained under different loading weight and dwell time. Table 3.9 
shows the diagonal lengths of the indentations that were produced under various loading 
weights and dwell times.  
Table 3.9. Diagonal lengths of the Vicker’s hardness indentations that were produced under various 
testing conditions on a Grade 92 steel sample. The heat treatment processes of the sample involves a 
normalisation process at 1065°C for 1 hour and a tempering process at 777°C for 2.5 hours. 10 
indentations were produced under the identical testing conditions. 
Loading weight (kg) 0.2 0.5 1 5 
Dwell time (s) 10 10 10 10 
Diagonal length (µm) 38.9 – 40.4 62.6 – 65.4 90.4 – 92.8 204.1 – 208.3 
 
Several critical factors should be taken into account in order to determine appropriate 
hardness loading weight for the subsequent analyses. Firstly, the size of indentations should 
be in appropriate sizes so that indentations can be automatically focused to measure diagonal 
lengths. Based on the observations from the hardness tests with various testing conditions, it 
has been found that the hardness indentations that were produced under a loading weight of 
no lower than 0.2 kg and a dwell time of 10 s can be well focused by using a 40 × lens that is 
equipped by the hardness testing system. Secondly, the size of indentations should be 
selected in an appropriate scale to overcome the microstructural heterogeneities in the 
materials being tested. It has been indicated in existing work that the microstructural 
heterogeneities in 9Cr steels, such as the inhomogeneous distribution of secondary 
precipitates on martensitic matrix, are not influential on the hardness values that were 
measured from the indentations with a diagonal length of over 10 µm [150]. Therefore, the 
indentations that were produced under a loading weight of no lower than 0.2 kg were 
considered with appropriate sizes (i.e. Table 3.9). Thirdly, the size of indentations should not 
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be excessively large so that the hardness maps showing the macroscopic variation of hardness 
can be obtained with a sufficiently high resolution. The interval between hardness 
indentations for the hardness mapping analyses on 9Cr steels was recommended by existing 
work to be no less than 1.6 times of diagonal lengths, preferably over twice of diagonal 
lengths, to prevent the strain hardening effect from the adjacent indentations [151]. 
Considering that the HAZs in 9Cr steel welds are commonly narrow with a typical width of 
approximately 3 mm [18,19,152], the appropriate interval between hardness indentations for 
the subsequent mapping analyses were thus considered to be approximately 0.1 mm to enable 
the collection of high-resolution hardness maps. Therefore, a loading weight of 0.2 kg, under 
which the diagonal lengths of indentations are approximately 40 μm (Table 3.9), was 
considered to be the appropriate loading weight. In addition, it is worth noting that the 
average hardness values that were obtained at a loading weight of 0.2 kg were found to be up 
to 5% higher than the average hardness values that were obtained by using a higher loading 
weight (Figure 3.5a). However, taking into account the variability of hardness values (i.e. 
indicated by half of the length of error bars) that were obtained upon various hardness 
loading weights, the hardness values that were obtained at a loading weight of 0.2 kg is still 
comparable to the hardness values that were obtained at a higher loading weight. A loading 
weight of 0.2 kg is also in the range being recommended by an existing work investigating 
appropriate hardness testing conditions for 9Cr steels [151]. It is thus considered that a 
loading weight of 0.2 kg is appropriate for the hardness tests on Grade 92 steel weld samples 
to be investigated in this project.  
It has also been observed that the hardness values that were obtained at various indenter 
dwell time periods are not significantly varied (Figure 3.5b). Considering that the subsequent 
mapping hardness analyses on Grade 92 steel welds may involve continuous automatic 
production of over 5,000 indentations, a short dwell time of 10 s was selected for a high 
efficiency of data collection during large-scale hardness mapping tests. 
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Figure 3.5. The hardness values that were obtained at various (a) test loading weight and (b) indenter 
dwell time. The hardness tests were conducted on a parent metal sample that was obtained from a thick-
section Grade 92 steam pipe. The heat treatment processes of the pipe involves a normalisation process at 
1065°C for 1 hour and a tempering process at 777°C for 2.5 hours. The average values and the standard 
deviations were obtained from 10 measurements that were obtained under the identical testing conditions. 
Intervals between the indentations are over 3 times of diagonal lengths.  
 
(a
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To measure the hardness of the simulated parent metal samples that were exposed to the 
simulated weld thermal cycles, 100 indentations were produced at a loading weight of 0.2 kg 
and an indenter dwell time of 10 s on each sample to obtain sufficient statistical significances. 
The indentations on each of the simulated samples were distributed on a square grid with a 
size of 0.9 × 0.9 mm2, with the intervals between indentations at 0.1 mm. All the hardness 
measurements on the produced indentations were also manually checked and occasionally 
corrected to assure reliable measurement values. Average values and standard deviations of 
hardness measurements in each simulated parent metal sample were calculated. 
Large-scale hardness mapping tests were performed on cross-weld samples to indicate the 
variation of microstructure in the weld metal, the HAZ and the parent metal. Hardness 
indentations were performed at a loading weight of 0.2 kg and an indenter dwell time of 10 s. 
The interval between indentations was selected at 0.1 mm. The regions where hardness maps 
were obtained were carefully chosen to include the regions of interest in the weld metal, the 
HAZ and the parent metal. Origin software version 9.0.0 was used to process the hardness 
data collected and establish the hardness maps showing the variation of hardness in the tested 
regions. Figure 3.6 shows an exemplary hardness map that was collected from the weld line 
of a cross-weld sample after 11,000 hours creep. 
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Figure 3.6. The pictures showing the collection of a large scale hardness map from the weld metal of a cross-weld sample that was creep tested for 11,000 hours. 
The red box in (a) indicates the region where hardness mapping test were to be performed prior to hardness mapping test and (b) shows the hardness indentations 
in the region being tested after hardness mapping test. The graph as shown in (c) was established from the hardness data that was collected from hardness mapping 
analysis. The colour scale in (c) indicates the variation of hardness in the region being tested.  
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3.5 Weld thermal cycle simulations 
The weld thermal cycles in the HAZs of the single-pass and the double-pass bead-on-plate 
Grade 92 steel welds (i.e. the ‘BOP-SP’ and the ‘BOP-DP’ samples) were predicted by using 
Smartweld software version 3 to understand the weld thermal cycles in the HAZ during 
welding process. Smartweld software was initially developed as the result of a Sandia 
National Laboratories collaborative project and has now become a free open-source software 
after continuous development and upgrades in the following years. Smartweld software is 
capable of calculating thermal distribution and thermal histories in the weld and the parent 
metals under certain welding conditions based on the application of heat conduction 
equations [153]. Calculations were conducted by solving heat conduction equation when 
applying a point heat source with a certain travel speed and power to a semi-indefinite plate 
of material.  
The input parameters that were used to conduct heat cycle calculations include power of heat 
source, travel speed of heat source, parent metal temperature (pre-heat temperature), material 
thickness and the distance to weld centre line. The values of these parameters were 
determined such that the calculation was conducted under a condition close to the fabrication 
condition of the bead-on-plate weld. Detailed input values that were used for the calculations 
are listed in Table 3.10.  
The physical properties of the parent metal material were also needed for weld thermal cycle 
calculations. Since Smartweld software is not incorporated with the physical property dataset 
of Grade 92 steels, an incorporated physical property dataset that was obtained from 15-5PH 
stainless steel, which is a 15Cr martensitic stainless steel with similar physical properties (e.g. 
coefficoent of thermal expansion and thermal conduction coefficient) to Grade 92 steel, was 
used to define the physical properties of the parent metal. The outputs as the weld thermal 
cycles in the HAZwere then obtained. The heat cycles in the regions with various distances 
from the weld line were calculated and plotted again time. Figure 3.7 shows the graphs 
showing the outputs of weld thermal cycle calculations. 
Table 3.10. The parameter inputs for the heat conduction predictions of the weld thermal cycles in the 
HAZs of single-pass and double-pass bead-on-plate Grade 92 steel welds. 
Power (W) Travel speed (mm/s) Parent metal temperature (°C) Material thickness (mm) 
2750 2.75 149 10 
 
The Ac1 and the Ac3 transformation temperatures of the parent metal were measured from the 
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parent metal samples that were obtained from the identical steam pipe on which the bead-on-
plate welds were fabricated by using a TA Instruments DIL 805 dilatometer. The dilatometry 
samples were machined to a cylindrical shape with a length of 10 mm and a diameter of 5 
mm. These samples were obtained from the locations close to the mid-thickness plane of the 
pipe, with the longitudinal direction of the samples parallel to the normal direction of the pipe. 
The samples were fixed by using the Al2O3 clamping rods with calibrated lengths. The 
changes in the lengths of samples were measured and recorded upon the exposure to the 
dilatometry heat cycles with a heating rate of 60°C and a peak temperature of above the Ac3 
temperature. The Ac1 and the Ac3 transformation temperatures were measured from the 
dimensional change to temperature curves of the simulated dilatometry samples by 
determining the points at which dimensional change deviates from a linear relationship to 
temperature. 
The peak temperatures of the heat cycles that simulate the weld thermal cycles in the HAZ 
were then determined in the ranges of above the Ac3 temperature, between the Ac1 and the 
Ac3 temperatures and below the Ac1 temperature. Various peak temperatures of the heat 
cycles were thus determined at 1250°C, 1100°C, 1000°C, 900°C, 850°C and 830°C. The 
heating and cooling rates of the simulated weld thermal cycles were determined by taking 
into account the predicted weld thermal cycles by heat conduction modelling, the review of 
the existing work on the weld thermal cycle determinations in Grade 92 steel welds and the 
ultimate heating and cooling rates that can be achieved by using the dilatometry system. 
Figure 3.8 shows the graphs showing the dilatometry heat cycles that simulate the weld 
thermal cycles in the HAZs of single-pass and double-pass bead-on-plate welds. The 
simulated weld thermal cycles were performed on the parent metal samples by using the 
identical dilatometry system to reproduce the microstructure in the HAZs of bead-on-plate 
welds.  
 
 
 
 
77 
 
Figure 3.7. The graphs showing the predicted weld thermal cycles in the HAZ of a single-pass Grade 92 bead-on-plate weld with a peak temperature of (a) 1238°C, 
(b) 1081°C, (c) 997°C and (d) 903°C. The predictions of weld thermal cycles were conducted by using Smartweld software. The physical properties of 15-5PH steel 
were used to define the physical properties of the parent metal. The welding parameter inputs for weld thermal cycle predictions simulate the practical welding 
procedure of the bead-on-plate weld.  
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Figure 3.8. The graphs showing the dilatometry heat cycles that simulate the weld thermal cycles in the HAZs of (a) single-pass and (b) double-pass bead-on-plate 
Grade 92 welds.  
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3.6 Scanning electron microscopy (SEM) based analyses 
The microstructures in the HAZs and the weld metals of Grade 92 steel weld samples were 
characterised and quantitatively analysed by using a wide range of SEM based 
characterisation techniques, such as backscattered electron (BSE) imaging, electron 
backscatter diffraction (EBSD) and ion beam induced secondary electron (SE) imaging. In 
this study, a Carl Zeiss 1530VP Field Emission Gun Scanning Electron Microscope (FEG-
SEM) and an FEI Nova 600 Nanolab dual beam Focused Ion Beam (FIB)/FEG-SEM were 
used to perform detailed microstructural analysis on the weld samples. The following 
sections introduce the details of the microstructural characterisation techniques that were 
used. 
3.6.1 Metallographic sample preparation procedure 
The samples for analysis were prepared using the conventional metallographic preparation 
procedures which include initial grinding on 240 to 1200 grit SiC and the subsequent 
polishing procedures on standard cloths with diamond suspension down to 1 μm. A final 
extended chemomechanical polishing procedure was carried out on the sample using 0.06 μm 
colloidal silica suspension to further eliminate surface deformation that was introduced in the 
abrasive stage of preparation.  
Etched sample surfaces were also prepared for grain structure analyses. Sample surfaces were 
etched in Villela’s reagent (1 g picric acid, 5 ml hydrochloric acid and 100 ml ethanol) for 
approximately 10 s, followed by being cleaned with water and methanol.  
3.6.2 Electron imaging and phase quantification 
The Carl Zeiss 1530VP FEG-SEM using the Inlens secondary electron (SE) detector was 
used in this study for high resolution secondary electron imaging. The secondary electron 
micrographs were collected at an accelerating voltage of 10 - 20 kV and an aperture size of 
60 μm. A maximum working distance of 5 mm for Inlens SE imaging was selected for a good 
signal quality. 
Backscattered electron (BSE) imaging was used to quantify the distribution of inclusion 
particles in the weld samples without creep exposure. The backscattered electron micrographs 
were collected at an accelerating voltage at 20 kV and an aperture size of 60 μm using the 
Carl Zeiss 1530VP FEG-SEM. For the quantification of inclusion particles, 20 BSE 
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micrographs were collected covering a total area of 1,100,000 μm2 to obtain sufficient 
statistical significance. The phases of interest were highlighted from each micrograph 
collected using a grey scale segmentation method, with the sizes (i.e. Feret’s diameter) and 
number densities of the phases quantitatively analysed using the ImageJ software version 
1.47. The phases constituting of less than 3 pixels, which are equivalent to a size of 0.4 μm, 
were considered as noise and ignored.  
The overview of gauge portions of creep exposed cross-weld samples were obtained by using 
BSE imaging. Over 1500 backscattered electron micrographs were systematically collected 
and stitched to provide an overview of gauge portions. The BSE micrographs were collected 
using the FEI Nova 600 Nanolab Focused Ion Beam (FIB)/FEG-SEM operated at an 
accelerating voltage of 10 kV with a nominal electron beam current of 2.1 nA. The piezo-
electric stage used on the FEI Nova 600 FIB/FEG-SEM allows the acquisition of 
backscattered electron micrographs in a convenient manner such that they can be 
subsequently stitched to establish a montage showing the overview of gauge portions. Each 
of the obtained BSE micrograph has a resolution of 1024 × 882 and covers an area of 2.33 × 
2 mm2.  
The automated image acquisition capability of the FEI Nova 600 FIB/FEG-SEM was used to 
collect backscattered electron micrographs across the HAZ and the weld metal in creep 
exposed cross-weld samples to quantitatively analyse the distribution of creep cavities. The 
BSE micrographs were automatically collected under the control of a script file at an 
accelerating voltage of 15 kV and a nominal beam current of 8.9 nA. The sizes of each of the 
micrograph collected are 256 × 221 μm2. These micrographs were collected in a direction 
perpendicular to the weld line, which allows the analysis of the cavity distribution across the 
HAZ and the different regions in weld metal. The micrographs for cavity quantification were 
collected in a batch with identical collection conditions which ensures a uniform brightness 
and contrast between all the obtained micrographs. 
The batch process capability of ImageJ software was used to quantitatively analyse the 
microstructural features of interest in each of the micrographs with high efficiency. In order 
to enable a batch selection of creep cavities and Laves phases from the obtained micrographs, 
the grey scale intensities of the pixels for creep cavities were compared in histogram to 
ensure effective selections of the grey scale pixels corresponding to creep cavities. Figure 3.9 
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shows an example of the grey scale segmentation of creep cavities from a backscattered 
electron micrograph. 
Creep cavities were then threshold in a batch from each of the BSE micrograph in the same 
batch. The threshold range of grey scale intensities for cavities was carefully determined as 
shown in Figure 3.9 to ensure that cavities were appropriately threshold in each of the 
micrograph. The size (i.e. Feret’s diameter) and the number density of creep cavities were 
quantitatively analysed from all the micrographs in the batch, which allows the establishment 
of line profiles showing the variation of creep cavity distributions. The creep cavities with a 
size of less than 0.4 μm were considered as noise and ignored for quantification. 
3.6.3 Electron backscatter diffraction (EBSD) and grain boundary quantification 
In this project, the grain structures in weld samples were characterised by using EBSD. The 
samples for EBSD analysis were pre-tilted to 70° to enhance signal quality. EBSD maps were 
collected in particular areas of interest at an accelerating voltage of 20 kV with a nominal 
electron current of 24 nA. All the patterns were collected using an EDAX Hikari XP camera 
on the FEI Nova 600 Nanolab dual beam Focused Ion Beam (FIB)/FEG-SEM and were 
indexed against a bcc iron structure file.  
EBSD maps were collected using different step sizes at various magnifications to provide 
overview of grain structure or to provide detailed analyses on grain boundary properties. 
EBSD maps were collected at a step size of 2 μm with a size of 1 × 1 mm2 in such a manner 
that they can be stitched to establish large-scale montages showing the overview of grain 
structure. EBSD maps at higher magnifications were also collected to quantitatively analyse 
the lengths per unit area of prior austenite grain boundaries (PAGBs) and martensitic 
substructure boundaries (e.g. lath boundaries). The step size of EBSD maps were selected 
such that step sizes are no higher than 10% of PAG or subgrain sizes for the mapping 
analyses for PAGs and subgrains respectively. Therefore, the EBSD maps that were obtained 
for PAGB analyses were collected at a step size of 1 μm with a size of 200 × 200 μm2, 
whereas the maps that were obtained for substructure boundary analyses were collected at a 
step size of 0.1 μm with a size of 50 × 50 μm2.  
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Figure 3.9. An example showing the grey scale segmentation of creep cavities in (a) a backscattered electron micrograph. The grey scale values of the pixels 
corresponding to creep cavities in the BSE micrograph were determined as shown in (b) and (c). The cavities were then selected by using grey scale segmentation 
method as shown in (d).  
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The TSL OIM® analysis software version 7.2.1 was used to analyse the EBSD data. To 
ensure accurate crystallographic indexing of the points in EBSD maps, the indexed points 
with a confidence index of lower than 0.2 were excluded using a ‘neighbour CI correlation’ 
method by using the TSL OIM® analysis software. A misorientation tolerance angle of 2° and 
a minimum size limitation of 3 points were used to define individual grain. The grains that 
are in a size of less than 3 points were excluded using a ‘grain dilation’ method by using the 
TSL OIM® analysis software.  
The grain boundaries were classified according to misorientation angles. The indexed points 
in EBSD maps with a misorientation to the neighbour points of 2° - 20° and 50° - 60° were 
considered to constitute the martensitic substructure boundaries, whereas the indexed points 
showing a misorientation to the neighbour points of 20° - 50° were considered to indicate the 
PAGBs [55]. The lengths per unit area of the martensitic substructure boundaries and PAGBs 
were then quantitatively measured from EBSD maps by using TSL OIM® analysis software. 
3.6.4 Energy dispersive X-ray spectroscopy (EDX) analysis 
The chemical composition and the element distribution in the samples were characterised 
using an Oxford Instruments® Xmats 80 SDD energy dispersive X-ray (EDX) system 
attached to the Carl Zeiss 1530VP FEG-SEM. This system can be operated either in a point 
analysis mode in which the electron beam stays static on particular phases of interest or in a 
mapping analysis mode in which electron beam scans over certain areas of interest.  
Under both the point and the mapping analysis modes, the electron beam was operated at an 
accelerating voltage of 20 kV with an aperture size of 60 μm, under which a typical collection 
rate of the EDX signals at approximately 100,000 counts per second can be obtained. The 
process time for EDX signals was selected such that the ‘dead time’ of the EDX detector 
occupies a proportion of approximately 30% of the total analysis time period. 
Chemical compositions of the features of interest or the chemical variation in the region 
being analysed in the mapping analysis mode were quantitatively analysed from the obtained 
EDX spectra or EDX mapping dataset by using Oxford Instrument® Aztec® software version 
3.0.  
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3.6.5 Ion beam induced secondary electron (SE) imaging and phase quantification  
The distribution of the M23C6 carbides in weld samples was characterised by using ion beam 
induced secondary electron (SE) imaging assisted with a XeF2 gas etching in the FEI Nova 
600 Nanolab dual beam Focused Ion Beam (FIB)/FEG-SEM. Samples were tilted to 52° to 
ensure their surfaces is perpendicular to the ion beam. Ion beam was operated at a voltage of 
30 kV with a nominal beam current of 30 pA. The micrographs showing the best contrast 
differential of the M23C6 carbides to the matrix and other precipitates (e.g. Laves phases) 
were found to be obtained when the imaged region was first scanned by ion beam with a 
pixel dwell time of 100 µs followed by a faster scanning with a pixel dwell time of 20 µs. 
Each of the obtained micrograph covers an area of 12 × 11 μm2.  
On each of the simulated parent metal samples that were exposed to simulated weld thermal 
cycles, 10 micrographs were obtained which covers a total analysed area of 1,320 μm2 from 
the regions where EBSD analyses were previously performed. The distribution of secondary 
precipitate particles as indicated by ion beam induced SE micrographs was then compared 
with the grain structure properties as indicated by EBSD mapping analyses. Ion beam 
induced SE micrographs were also collected in a direction in perpendicular to the weld lines 
in the HAZs of cross-weld samples to establish line profiles showing the variation of the 
M23C6 distribution across the HAZs. The interval between the locations where the 
micrographs were collected is 0.25 mm. For the analyses of the M23C6 carbides in the weld 
metal, 5 micrographs were collected from different regions to compare the distribution of the 
M23C6 carbides in the regions with different grain structures.  
The obtained micrographs were processed by using Adobe® Photoshop® version 12.0.3 to get 
rid of inhomogeneous brightness distribution across the image. The brightness and contrast of 
micrographs were also adjusted by using ImageJ software to obtain identical grey scale 
intensity distribution between different micrographs. The grey scale pixels that are 
corresponding to the M23C6 carbide particles in the obtained micrographs were then selected 
by using a grey scale segmentation method. The number per unit area and the size (Feret’s 
diameter) of the selected particles were quantitatively analysed using the ImageJ software.  
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3.7 X-ray fluorescence (XRF) analysis 
Overview of chemical variation in the gauge portions of a cross-weld sample that was 
obtained from a thick-section Grade 92 steam pipe was investigated by X-ray fluorescence 
(XRF). The XRF analyses on gauge portions were conducted by using an EDAX® Orbis PC® 
micro-XRF analyser with the X-ray tube operated at a voltage of 30 kV with a tube current of 
1000 μA. Characteristics X-ray signals were then collected and analysed using a silicon drift 
detector (SDD). Large-scale XRF mapping analyses were conducted on the weld and the 
parent metals in the gauge portions of cross-weld samples. Each mapping analysis covers an 
analysed area of 30 × 24 mm2 with a step size of approximately 60 μm. XRF maps were 
collected with a signal collection time of 200 μs on each pixel at a signal input rate of 
approximately 100,000 counts per second. Signal amplification time was selected such that 
the time that was spent on signal process accounted for approximately 30% of the entire map 
collection time period.  
The analyses of the obtained data were performed by using the Orbis® Vision® analysis 
software. Chemical maps showing the distributions of the major alloy elements, such as Cr, 
Fe, W and Mo, were established to indicate the chemical variation in gauge portions of creep-
exposed cross-weld samples. The concentrations of major alloy elements were also 
quantitatively analysed from the parent metal region, the root bead and the fill bead regions in 
the weld metal. The concentrations of alloy elements in each of the regions were measured 
from an area with a size of 6 × 2 mm2. 
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3.8 Transmission electron microscopy (TEM) based analyses 
Secondary precipitates were analysed by using an FEI Tecnai F20 TEM and a JEOL JEM 
2000FX TEM. A wide range of TEM based characterisation techniques, such as energy 
dispersive X-ray spectroscopy (EDX), selected area electron diffraction (SAED) and atomic 
resolution imaging, were used for the crystallographic and chemical analyses of secondary 
precipitates. Details of the techniques that were used are introduced in the following sections. 
3.8.1 Sample preparation 
Secondary precipitate particles were extracted by using a carbon extract replication method. 
Weld sample surfaces were firstly mechanically polished and then etched by using Villela’s 
reagent (1 g picric acid, 5 ml hydrochloric acid and 100 ml ethanol) for approximately 10 s to 
obtain a sample surface with secondary precipitate particles protruding from matrix. The 
etched surface was then deposited with a thin film of C by using a Quorum Technologies 
Q150T ES coating system. The C film was then electrolytically peeled off in 10% 
hydrochloric acid in a methanol solution to obtain replica samples. The replicas were then 
caught on copper grids and cleaned with methanol and then deionised water. Figure 3.10 
illustrates the sample preparation method by using carbon extraction replica.   
 
Figure 3.10. Schematic illustrations showing the carbon extract replication method for TEM sample 
preparation. Sample surface was (a) firstly polished and (b) then etched to obtain a surface with 
precipitate particles protruding from matrix. The etched surface was (c) then coated with a thin C film, 
with (d) the C film subsequently peeled off to obtain a replica sample.  
(a
 
(b
 
(d
 
(c
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3.8.2 Energy dispersive X-ray spectroscopy (EDX) analysis 
The chemical compositions of secondary precipitate particles on carbon extraction replicas 
were analysed by using EDX in an FEI Tecnai F20 transmission electron microscope (TEM) 
that is equipped with an Oxford Instruments X-Max 80N TLE EDS system. EDX spectra 
showing the chemical composition of secondary precipitate particles were collected with 
electron beam operated at an accelerating voltage of 200 kV with a data collection time 
period of 20 s for each spectrum. Signal process time period was selected such that the ‘dead 
time’ of EDX detector accounted for approximately 30 % of the entire data collection time 
period.  
In order to analyse the chemical variation of fine precipitates such as the MX and the M2X 
precipitates, EDX spectra were obtained from over 80 particles in each sample. The relatively 
concentrations of major element constituents in the particles, such as Cr, Nb and V, were 
quantitatively analysed by using Oxford Instrument® Aztec® software version 3.0. Ternary 
diagrams showing the variation in relative concentrations of Cr, Nb and V were then 
established by using Origin® software version 9.0.0. 
3.8.3 Crystallographic analyses of secondary precipitates 
The secondary precipitate particles on carbon extraction replicas were crystallographically 
identified by the fast Fourier transformation (FFT) of the high-resolution (HR)-TEM (STEM) 
micrographs of the particles of interest. Electron beam was operated at an accelerating 
voltage of 200 kV and an objective aperture with a size of 50 μm was used. HR-TEM 
micrographs were obtained by using a high angle annular dark field (HAADF) detector under 
a magnification of 400,000 ×. Over 20 HR-TEM micrographs were obtained from the 
particles showing similar chemical compositions to obtain sufficient statistical significance.   
The FFT of the obtained HR-TEM micrographs were performed by using Gatan® Digital 
Micrograph® software version 1.83.842. Interplanar spacing and interplanar angles of lattice 
planes was then measured from the obtained FFT patterns by using the identical software to 
compare with the reference interplanar spacing and angle values of various particle 
candidates. Measurement error was critically assessed to assure reliable identification of 
particle types.   
Secondary precipitate particles were also crystallographically analysed by using selected area 
electron diffraction (SAED) in a JEOL JEM 2000FX TEM that is equipped with an 
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Erlangshen ES500W digital camera. SAED patterns (SAEDPs) were collected from particles 
of interest with electron beam operated at an accelerating voltage of 200 kV. Interplanar 
spacing and interplanar angles of lattice planes were then measured from the obtained 
SAEDPs to compare with various particle candidates.   
3.9 Summary 
In this chapter, the specimens that were studied and the experimental methodology that was 
adopted have been detailed. The microstructures in the HAZ of Grade 92 steel welds have 
been firstly investigated after weld fabrication stages such as welding and post weld heat 
treatment, then further studied after long-term creep exposure. The microstructure in the as-
fabricated and creep-exposed weld specimens have been linked with the initial fabrication 
conditions and creep damage distribution respectively, to understand the relationship between 
the fabrication, the microstructure and the creep property of Grade 92 steel welds. 
A wide range of characterisation techniques have been applied in order to systematically 
investigate the microstructures in the weld HAZs. Hardness mapping tests have been used to 
indicate the microstructural heterogeneities in the HAZ by identifying the variation of local 
hardness. Backscattered electron imaging, coupled with automated image collection, has been 
used to provide overview of weld microstructures. Ion beam induced secondary electron 
imaging and EBSD have been used to provide detailed, quantitative information of 
microstructural characteristics such as the distribution of secondary precipitates and grain 
boundary properties. Three-dimensional secondary electron tomography, assisted with EDX, 
has been used to detail the characteristics of creep cavities and the associated inclusions. 
Extensive phase identification techniques have been performed in transmission electron 
microscopes to indicate the presence of various phases.  
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CHAPTER 4 MICROSTRUCTURAL CHARACTERISATION IN THE 
PARENT METAL OF AS-FABRICATED GRADE 92 WELDS 
4.1 Introduction 
This chapter describes the research that has been undertaken to investigate the microstructure 
in the parent metal of Grade 92 steel welds. The microstructure in the parent metal is 
compared with the heat affected zone (HAZ) and the weld metal to evaluate the influence of 
welding and post weld heat treatment (PWHT) as described in Chapters 5-7.  
The microstructure in the parent metal has been firstly predicted using thermodynamic 
calculations, followed by characterisation using a range of electron/ion microscopy related 
techniques including electron backscatter diffraction (EBSD), ion beam induced secondary 
electron (SE) imaging, energy dispersive X-ray spectroscopy (EDX) and secondary electron 
(SE) in-lens imaging. Microstructural characteristics, such as the distribution of grain 
boundaries and secondary precipitates, were quantitatively analysed in the parent metal to 
facilitate comparisons with the HAZ and the weld metal in subsequent chapters. 
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4.2 Materials and samples 
Parent metal samples were obtained from an as-fabricated bead-on-plate weld on a thick-
section Grade 92 steam pipe. The heat treatment of the steam pipe involves a normalisation 
process that was performed at a temperature of 1065°C for 1 hour followed by a tempering 
process at 777°C for 2.5 hours. The chemical compositions of the parent metal samples were 
experimentally measured by using inductively coupled plasma optical emission spectrometry 
(ICP-OE) and inductively coupled plasma mass spectrometry (ICP-MS). Detailed checmical 
composition of the parent metal is shown in Table 3.1. 
4.3 Thermodynamic calculations 
The microstructure in the parent metal sample was first predicted under the thermodynamic 
equilibrium state by using Thermo-Calc software. The chemical composition based on which 
thermodynamic calculations were performed is similar to the experimentally measured 
chemistry of the parent metal, as shown in Table 4.1. 
Table 4.1. The chemical composition based on which thermodynamic prediction of the microstructure in 
the Grade 92 parent metal was performed, the balance is Fe. 
Parent metal prediction (wt. %) 
B Cr Mn Mo Nb Ni Si V W 
0.0035 8.86 0.49 0.42 0.074 0.4 0.27 0.228 1.76 
C N Al P S Ti Zr Cu  
0.11 0.0474 0.006 0.015 0.003 0.004 0.004 0.16  
 
The phase constituents in the microstructure of the parent metal were predicted by 
thermodynamic calculations. Figure 4.1 shows the variation of phase fractions in the parent 
metal against the variation of temperature.    
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Figure 4.1. A graph showing the variation of phase fractions against the variation of temperature under the thermodynamic equilibrium state in Grade 92 steel. 
The composition of the system based on which thermodynamic calculations were performed is as defined in Table 4.2. 
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Under the thermodynamic equilibrium state, the melting point of the parent metal was 
predicted to be approximately 1500°C. As the temperature decreases, the system was first 
solidified as the δ-Fe phase with a Body Centred Cubic (BCC) type of lattice structure. The 
δ-ferrite starts to be transformed into the γ-Fe phase showing a Face Centred Cubic (FCC) 
type of lattice structure as the temperature decreases to approximately 1420°C. Upon further 
cooling, the δ → γ phase transformation is completed at approximately 1240°C. The major 
phase constituent of the microstructure was predicted to be the γ-Fe phase until the 
temperature is decreased to approximately 860°C as the γ → α phase transformation occurs. 
The Ae1 and the Ae3 temperatures of the system were thus predicted to be approximately 
800°C and 860°C respectively. The presence of the MX type precipitates was predicted at a 
temperature of approximately 1450°C, whereas the M23C6 carbides were predicted to exist 
only at temperatures below 900°C. The presence of the Laves phase and the Z phase was 
predicted at lower temperature ranges of below 750°C. The trace elements in the system, 
such as B, S and P, were predicted to be mainly distributed in phases such as the M3B2, the 
Cr2B, the MnS and the M3P phases. These microstructural predictions as provided by 
thermodynamic calculations are consistent with existing work on Grade 92 steel [10,154].  
4.4 Grain structure analyses by EBSD 
The grain structure in the parent metal was characterised using EBSD mapping analysis. 
Figure 4.2 shows the overlaid image of the coloured EBSD grain orientation and the grey-
scale EBSD image quality maps, and the grain boundary maps showing the 2° - 20°, 20° - 50° 
and the 50° - 60° boundaries in the identical regions to illustrate both the PAG and the 
martensitic substructure in the parent metal. 
The parent metal exhibited a tempered martensitic microstructure composed of PAGs with a 
size of over 100 μm (Figure 4.2a) and lath-like grains with a width of approximately 5 μm 
within the PAG interiors (Figure 4.2b). The prior austenite grain boundaries (PAGBs) were 
found to have a misorientation angle predominantly in the range of 20° - 50° (Figure 4.2c), 
whereas the misorientation angle of the grain boundaries in the martensitic substructure was 
predominantly in the ranges of 2° - 20° and 50° - 60° (Figure 4.2d).  
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Figure 4.2. An overlaid image of the EBSD IPF-z coloured grain orientation (z axis: the normal direction 
of specimens) and the grey-scale EBSD image quality maps that were collected at a step size of (a) 1 μm 
and (b) 0.1 μm from the Grade 92 parent metal of an as-welded single-pass bead-on-plate weld. The 
parent metal was normalised at 1065°C for 1 hour and tempered at 777°C for 2.5 hours. The EBSD grain 
boundary maps showing the outlines of the 20° - 50° boundaries in the map (a) and the 2° - 20° and the 50° 
- 60° boundaries in the map (b) are shown in figures (c) and (d) respectively. 
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4.5 Secondary precipitates analyses 
EBSD grain boundary maps and ion beam induced secondary electron micrographs, as shown 
in Figure 4.3, were collected from identical regions in the parent metal to characterise the 
relationship between secondary precipitate particles and the surrounding grain and lath 
structures. Secondary precipitate particles were observed to be preferentially formed on both 
the lath and sub-grain boundaries, with all boundary orientations decorated by secondary 
precipitate particles.   
The distribution characteristics of secondary precipitates were quantitatively characterised by 
using ion beam induced SE imaging, as shown in Table 4.2. 
Table 4.2. The average number per unit area and the average size of the secondary precipitate particles 
that were detected by ion beam induced SE imaging in the Grade 92 parent metal of an as-fabricated 
weld. Average values and standard deviations were calculated from 10 measurements. 
Average number of particles per unit area (/mm2) Average size (μm) 
2.65 × 106 ± 3.60 × 105 0.16 ± 0.0051 
 
Secondary precipitate particles in the parent metal samples were extracted by using carbon 
extraction replicas for chemical and crystallographic analyses. Figure 4.4 shows the 
representative EDX spectra that were obtained from the secondary precipitate particles in the 
parent metal. Figure 4.5 shows the STEM bright field micrographs showing the secondary 
precipitate particles with different chemical compositions.  
The precipitate particles showing various chemical compositions were observed in the parent 
metal of the as-fabricated weld. The Cr-rich particles were found to have a chemical 
composition that is mainly composed of Cr, Fe, W, etc., whereas the V-rich particles were 
found to have a chemical composition that is mainly composed of V, Nb, Cr, N, etc. The 
major element constituents in the Nb-rich particles include Nb, V, etc. The Cr-rich particles 
were normally observed with a size of less than 300 nm, whereas the sizes of the Nb- and the 
V-rich particles are normally less than 100 nm.  
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Figure 4.3. (a) The EBSD grain boundary map and (b and c) the ion beam induced secondary electron micrographs that were obtained from an identical region in 
the Grade 92 parent metal of an as-welded single-pass bead-on-plate weld. The parent metal was normalised at 1065°C for 1 hour and tempered at 777°C for 2.5 
hours. The lath/grain boundaries in the map (a) are presented in different colours according to boundary misorientation. The ion beam induced secondary electron 
micrographs were collected at different ion beam doses to visualise (b) the grain structure and (c) the distribution of secondary precipitate particles (c) in the same 
region.  
(a) (b) (c) 
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Figure 4.4. The representative EDX spectra that were obtained from (a) the Cr-rich, (b) the V-rich and (c) the Nb-rich precipitate particles on the carbon 
extraction replicas obtained from the Grade 92 parent metal of an as-fabricated bead-on-plate weld.  
 
Figure 4.5 Bright field STEM micrographs showing (a) the Cr-rich and (b) the Nb/V-rich secondary precipitate particles on the carbon extraction replicas obtained 
from the Grade 92 parent metal of an as-fabricated bead-on-plate weld.  
(a) (b) 
(a) (b) (c) 
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The secondary precipitate particles on the carbon extraction replicas from the parent metal of 
the as-fabricated welds were also crystallographically identified. Figure 4.6 shows the 
representative SAEDPs obtained from the particles with various chemical compositions. 
The Cr-rich particles were found to have a similar crystallographic structure to the M23C6 
carbides (i.e. fcc lattice structure with a = 10.638 Å [155]). The crystallographic structures of 
the V-rich and Nb-rich precipitate particles, as identified by SAED (Figures 4.6b and 4.6c), 
are consistent with V/Nb-rich MX precipitates (i.e. fcc lattice structure with a = 4.13 Å and 
4.39 for VN and NbC respectively [59]).  
4.6 Inclusion particles analyses 
The inclusion particles in the parent metal samples were characterised by using a 
combination of in-lens SEM imaging and EDX chemical analysis. Figure 4.7 shows the in-
lens SEM micrographs and the EDX spectra that were collected from the inclusion particles 
in the Grade 92 parent metal of an as-fabricated bead-on-plate weld. 
Different types of inclusion particles showing various chemical compositions were observed 
in the Grade 92 parent metal. The chemical composition of the Al-rich particles (Figure 4.7a) 
was found to be identical to Al2O3, whereas the B-rich (Figure 4.7b) and the Mn-rich (Figure 
4.7c) particles possesses chemical compositions consistent with BN and MnS respectively 
[154]. The Al2O3 particles (Figure 4.7d) exhibit a high brightness in the obtained in-lens SE 
micrographs. These particles normally show an elongated shape with a length of over 10 μm. 
The BN particles (Figure 4.7e) were found to have an irregular shape and a size of less than 5 
μm.  The MnS particles (Figure 4.7f) normally show an elongate shape with a shorter length 
than the Al2O3 particles, which is typically at 5 - 10 μm. 
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Figure 4.6. The SAEDPs that were obtained from (a) the Cr-rich, (b) the V-rich and (c) the Nb-rich secondary precipitate particles on the carbon extraction 
replicas from the Grade 92 parent metal of an as-fabricated weld. The insets in the bottom right indicate the lattice parameters as measured from diffraction 
patterns.  
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Figure 4.7. The representative EDX spectra that were obtained from (a) the Al-rich, (b) the B-rich and (c) the Mn-rich in the Grade 92 parent metal of an as-
fabricated bead-on-plate weld. The in-lens SE micrographs showing (d) the Al-rich, (e) the B-rich and (f) the Mn-rich particles are also included.
(b) (c) 
(d) (e) (f) 
(a) 
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4.7 Discussion 
After being normalised and tempered, a tempered martensitic microstructure was observed in 
the Grade 92 parent metal samples (Figure 4.2). The grain structure of  the Grade 92 parent 
metal samples (Figure 4.2) is similar to the observation in the existing work on the 
normalised and tempered Grade 92 bulk materials and the parent metal in Grade 92 steel 
welds (e.g. [13,19]). The normalisation of the Grade 92 parent metal was performed at a 
temperature of 1065°C for a time period of 1 hour, during which the parent metal 
microstructure was homogenised and fully austenitised in the high temperature regime. Upon 
cooling, the γ-Fe phases in the austenitised parent metal were transformed into martensite, 
leading to the formation of a martensitic microstructure consisting of martensitic laths within 
the prior austenite grain interiors [2]. The normalised martensitic microstructure was not 
considered as the optimized microstructure for steam pipe applications since it is not 
adequately stable upon creep exposure due to the absence of secondary precipitate particles 
and an excessively high dislocation density [114]. Therefore, the normalised Grade 92 steel 
components are normally exposed to an additional tempering process, which, was performed 
at 777°C for 2.5 hours on the Grade 92 parent metal samples that were investigated in this 
study. The martensitic microstructure after normalisation was recovered during the tempering 
process, leading to the formation of a tempered martensitic microstructure (Figure 4.2). It has 
been well known that the recovery of the martensitic microstructure is achieved by the re-
organisation of dislocation structure from a relatively higher energy state in the normalised 
microstructure to a more stable low-energy state upon the exposure to heat inputs during 
tempering process. The migration of the pre-existing lath/grain boundaries in the normalised 
microstructure and the formation of equiaxed subgrains are commonly observed during the 
recovery of martensitic microstructure [156,157].  
Using EBSD mapping analysis, it has been observed in the parent metal sample that the 
misorientations of the boundaries within the martensitic substructure are predominantly in the 
range of 2° - 20° and 50° - 60°, whereas the misorientations of the PAGBs are relatively 
random. Similar observations on the martensitic steels have been reported in literature, in 
which the misorientations of the substructure boundaries were attributed to a Kurdjumov-
Sachs orientation relationship between martensite and the parent austenite phases [53]. 
The major types of secondary precipitates that were observed in the normalised and tempered 
parent metal samples include the M23C6 carbides and the MX carbonitrides. The presence of 
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these two particles was also predicted by thermodynamic calculations (Figure 4.1). It has 
been well known that the M23C6 carbides are normally formed by nucleating on the grain and 
lath boundaries in the martensitic microstructure of Grade 92 steel, delivering an 
improvement in microstructural stability by hindering the migration of lath and grain 
boundaries [10,112]. The MX carbonitrides are either formed on lath and grain boundaries or 
within lath and grain interiors [112]. The MX type of precipitates can be either a Nb, C-rich 
type or a V, N-rich type, as has been indicated by EDX and SAED analyses (Figures 4.4 and 
4.6). The MX precipitates normally show a smaller size than the M23C6 carbides at typically 
less than 100 nm, and they are considered to effectively improve the microstructure stability 
of Grade 92 steel by pinning dislocations in the martensitic microstructure [10]. Considering 
the size limits of the detectable particle by using ion beam induced SE imaging (i.e. > ~70 
nm), the particles that are shown in the ion beam induced SE micrographs (e.g. Figure 4.3c) 
are predominantly of an M23C6 type. The presence of the Laves and the Z phases were not 
observed in the normalised and tempered parent metal samples although they were predicted 
to be formed by thermodynamic calculations. It has been well known that the Laves and the Z 
phases are normally not observed in the initial normalised and tempered microstructure of 
Grade 92 steel [67,158,159]. The Laves and the Z phases have been reported to be formed in 
Grade 92 steel after long-term ageing or creep exposure by nucleating on pre-existing 
precipitate particles such as the M23C6 carbides and the MX carbonitrides [158,159] or by a 
diffusional transformation mechanism from the pre-existing precipitates [160].  
The presence of inclusion particles, such as Al2O3, MnS and BN, was observed in the 
microstructure of the normalised and tempered Grade 92 parent metal samples. Al is 
commonly added in at a minor level in the deoxidizers for steel making. It has been reported 
that Al can effectively capture the O in molten steels during steel making processes, which 
leads to the formation of the Al2O3 inclusion upon solidification [161,162]. Mn is also a 
common trace element in steels, which is added to prevent the formation of the detrimental 
FeS phases by incorporating with S [34]. The presence of the BN type of inclusion in the 
microstructure of Grade 92 steel has also been recently reported [154]. The BN inclusion in 
Grade 92 steel is normally considered as a detrimental phase which diminishes the available 
N for the formation of the MX carbonitrides [163] and acts as the preferred nucleation sites 
for creep cavities [154]. It is also worth noting that the experimentally measured 
concentrations of B and N of the parent metal (Table 4.1) are above the concentration limits 
of B and N for the prevention of BN inclusion [163].  
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4.8 Conclusions 
The microstructure of the parent metal in the regions away from the weld has been observed 
to comprise a tempered martensitic matrix in combination with secondary precipitates such 
the M23C6 carbides and the MX carbonitrides. The presence of inclusions such as Al2O3, MnS 
and BN has also been observed. These observations from the parent metal samples are 
consistent with previous work on Grade 92 bulk material. Therefore, it can be concluded that 
the parent metal which has been investigated in this study is a standard Grade 92 material 
with typical microstructural characteristics. The microstructural evaluations as described in 
this chapter therefore act as an important baseline for the comparisons with the HAZ 
microstructure to be introduced in subsequent chapters. 
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CHAPTER 5 MICROSTRUCTURAL CHARACTERISATION IN THE 
HEAT AFFECTED ZONES OF AS-FABRICATED SINGLE-PASS 
GRADE 92 STEEL WELDS 
5.1 Introduction 
The microstructure in the parent metal of Grade 92 steel welds has been characterized in 
detail in the previous Chapter. In order to understand the microstructural evolution of Grade 
92 steel during welding processes, the observations from the parent metal have been 
compared with the microstructure in the Heat Affected Zone (HAZ) of a laboratory single-
pass Grade 92 steel weld, and are described in this chapter. 
In order to link the microstructure in the HAZ of the single-pass Grade 92 weld to the actual 
thermal gradient in the HAZ, simulated materials that possess identical microstructural 
characteristics as the HAZ materials have been produced by exposing the parent metal to well 
controlled dilatometry thermal cycles in order to simulate thermal cycles during welding (as 
described in Chapter 3). The microstructure in these simulated materials has then been 
investigated using a range of electron/ion microscopy related techniques (Sections 5.3 and 
5.4). The microstructural observations from the simulated materials which were heat treated 
to particular peak temperatures in the thermal cycle have then been linked with the 
microstructure in the HAZ of the single-pass weld (Section 5.5) in order to establish an 
accurate classification of microstructural variation in the HAZ. 
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5.2 Materials and sample details 
A bead-on-plate (BOP) weld was fabricated by using a SMAW process on a section that was 
obtained perpendicularly to the longitudinal direction of a Grade 92 thick-section steam pipe, 
as shown in Figure 3.1. The heat treatment of the steam pipe involves a normalisation process 
that was performed at a temperature of 1065°C for 1 hour followed by a tempering process at 
777°C for 2.5 hours. Table 3.1 shows the chemical composition of the parent metal from the 
Grade 92 steam pipe. The fabrication condition of this bead-on-plate weld has been 
introduced in Chapter 3.  
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The weld thermal cycles in the HAZ of the bead-on-plate weld were modelled by using 
Smartweld software, with the details described in the Section 3.5. Dilatometry simulations of 
weld thermal cycles were then performed on parent metal samples that were obtained from 
the identical steam pipe on which the bead-on-plate weld was fabricated. The heat cycles of 
each sample has been detailed in Table 3.2.  
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5.3 Influences of simulated weld thermal cycles on microstructure 
The transformation temperatures of the parent metal were measured for the simulated weld 
thermal cycle. The theoretical values of the transformation temperatures were also calculated 
at thermodynamic equilibrium. Table 5.1 shows a comparison between the experimentally 
measured values of the Ac1 and the Ac3 temperatures and the values obtained by 
thermodynamic calculations. 
Table 5.1. A comparison in the values of the Ac1 and the Ac3 temperatures of the Grade 92 parent metal 
between dilatometry measurements and thermodynamic calculations. The dilatometry measurements 
were performed on the change-in-length : temperature curve during a simulated weld thermal cycle with 
a peak temperature of 1250°C, with average values and standard deviations calculated from 3 
measurements.  
Dilatometry measurements Thermodynamic calculations 
Ac1 Ac3 Ae1 Ae3 
877 ± 9°C 1057 ± 30°C 795°C 864°C 
 
The experimentally measured Ac1 and Ac3 temperatures of the parent metal are 82°C and 
193°C higher than the Ae1 temperature and the Ae3 temperature respectively. 
Figure 5.1 illustrates the hardness of the samples that underwent simulations of weld thermal 
cycles using the dilatometer.  
The hardness of the sample heated to a peak temperature of 830oC was similar to that of the 
original parent metal hardness (225 versus 229 HV respectively). However, the hardness of 
the simulated samples with peak temperatures between 850°C and 1000°C significantly 
increased as the peak temperatures increased. A hardness of over 450 HV0.2 was obtained in 
the simulated sample with a peak temperature of 1250°C. 
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Figure 5.1. A graph comparing the average hardness values of the Grade 92 parent metal samples after the simulated weld thermal cycles with peak temperatures 
between 830°C and 1250°C to the unexposed parent metal sample. The peak temperatures of the simulated weld thermal cycles were compared with the Ac1 and 
the Ac3 temperatures that are 877 ± 9°C and 1057 ± 30°C respectively. The average values and the standard deviations of the hardness on each sample were 
obtained from 100 measurements. The values of standard deviations are indicated by half of the lengths of the error bars.  
 
 
108 
EBSD mapping analyses were performed on the samples which had received the simulated 
weld thermal cycles with a peak temperature between 850°C and 1250°C in order to 
characterise the grain structure.  Figure 5.2 shows the overlaid images of the coloured EBSD 
grain orientation maps and the grey-scale EBSD image quality maps that were collected 
using a step size of 1 μm, and EBSD grain boundary maps showing the 20° - 50° PAGBs 
from an area of length ~200 µm. 
Figure 5.3 shows overlaid images of the coloured EBSD grain orientation maps and the grey-
scale EBSD image quality maps from the simulated samples with a peak temperature 
between 850°C and 1250°C. The EBSD grain boundary maps showing the 2° - 20° and 50° - 
60° substructure boundaries in the same samples as those presented in Figure 5.2 are also 
included in Figure 5.3. 
A variation in PAG structure has been observed between the samples that were exposed to 
various peak temperatures of simulated thermal cycles. In the sample that had experienced a 
peak temperature of 1250°C, sizes of the PAGs in the resulting microstructure after weld 
thermal cycle simulations are in the range of 10 – 100 µm (Figures 5.2a and 5.2e). In contrast, 
the presence of the PAGs with a size of less than 10 µm was observed in the samples that 
were exposed to a peak temperature of 1000°C (Figures 5.2b and 5.2f). In the samples that 
were exposed to a peak temperature of less than the Ac3 temperature, a duplex microstructure 
that is composed of the original grain structure from the parent metal and freshly formed 
martensite was observed (Figures 5.2c and 5.2g). As the peak temperature was further 
decreased, i.e. slightly above the Ac1 temperature, re-austenitised grains were found to be 
formed along the pre-existing PAGBs in the original microstructure of the parent metal. From 
the EBSD maps that were collected at a higher magnification, the martensitic substructure in 
the sample that was exposed to a peak temperature of 1250°C can be seen to be composed of 
laths that are less than 10 µm in width (Figures 5.3a and 5.3e). In contrast, a more refined 
martensitic substructure was observed in the sample that was exposed to a peak temperature 
of 1000°C (Figures 5.3b and 5.3f). The martensitic substructures in the re-austenitised 
regions in the samples that were exposed to intercritical peak temperatures, which are 
composed of sub-micron laths, are much finer than the original substructure in the parent 
metal (Figures 5.3c, 5.3g, 5.3d and 5.3h). 
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Figure 5.2. The overlaid images of the coloured EBSD grain orientation maps and the grey-scale EBSD image quality maps that were collected at a step size of 1 μm (a - d) from the 
Grade 92 parent metal samples after weld thermal cycle simulations with a peak temperature of (a) 1250°C, (b) 1000°C, (c) 900°C and (d) 850°C respectively. The corresponding 
EBSD grain boundary maps showing the 20° - 50° boundary are also presented to provide the details of the PAGBs (e - h). 
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Figure 5.3. The overlaid images of the coloured EBSD grain orientation maps and the grey-scale EBSD image quality maps that were collected at a step size of 0.1 
μm (a - d) from the Grade 92 parent metal samples after weld thermal cycle simulations with a peak temperature of (a) 1250°C, (b) 1000°C, (c) 900°C and (d) 
850°C respectively. The corresponding EBSD grain boundary maps showing the 2° - 20° and the 50° - 60° boundaries (e - h) are also included to provide the details 
of the martensitic substructure boundaries. 
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5.4. Precipitation behaviour during the simulated weld thermal cycles 
The distribution of secondary precipitate particles in the simulated samples was characterised 
by using ion beam induced secondary electron imaging after the weld thermal cycle 
simulations. Figure 5.4 shows the ion beam induced secondary electron micrographs that 
were obtained from the simulated samples with peak temperatures between 830°C and 
1100°C.  
The distributions of secondary precipitate particles were quantitatively measured from ion 
beam induced secondary electron micrographs from the simulated samples. Figure 5.5 
compares the average number of particles per unit area and their average size in the simulated 
samples with peak temperatures between 830°C and 1250°C. 
Particles were not observed in the simulated sample after the weld thermal cycle simulation 
with a peak temperature of 1100°C (Figure 5.4a), whereas particles were observed in the 
simulated samples with lower peak temperatures (Figures 5.4b – 5.4d). Compared to the 
parent metal sample without exposure to weld thermal cycle simulations (grey shading shown 
in Figure 5.5), both a lower number per unit area and a smaller size of secondary precipitate 
particles were observed in the simulated samples with a peak temperature of 900°C and 
1000°C (Figure 5.5). The average size of the particles in the simulated sample with a peak 
temperature of 830°C was found to be slightly larger than the parent metal, whereas the 
number per unit area of the particles in the same sample was slightly lower than the parent 
metal (Figure 5.5). 
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Figure 5.4. Ion beam induced secondary electron micrographs showing the secondary precipitate 
particles in the Grade 92 parent metal samples with an exposure to the weld thermal cycle simulations 
with a peak temperature of (a) 1100°C, (b) 1000°C, (c) 900°C and (d) 830°C. 
 
 
113 
 
Figure 5.5. Graphs comparing (a) the average number per unit area and (b) the average size of secondary precipitate particles in the Grade 92 parent metal 
samples after weld thermal cycle simulations with a peak temperature between 830°C and 1250°C. The peak temperatures of the simulated weld thermal cycles 
were compared with the Ac1 and the Ac3 temperatures that are 877 ± 9°C and 1057 ± 30°C respectively. The average values and the standard deviations of the 
number of particles per unit area and the size of particles were determined from 10 measurements. The values of standard deviations are indicated by half of the 
lengths of error bars. The grey boxes indicate the number of particles per unit area and size of particles in the parent metal without an exposure to weld thermal 
cycle simulations.  
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The relationship between the secondary precipitate particles and the surrounding lath/grain 
structures in the simulated samples was investigated using a combined EBSD/ion beam 
induced secondary electron imaging method. Figure 5.6 shows the EBSD grain boundary 
map and the ion beam induced secondary electron micrographs that were collected from the 
identical locations in the simulated samples with a peak temperature of 1000°C (Figures 5.6a-
5.6c) and 830°C (Figures 5.6d-5.6f).  
In the sample which had experienced a peak temperature of 1000°C, the substructure 
boundaries and the PAGBs were found to be barely decorated by the residual secondary 
precipitate particles after the simulated weld thermal cycle (Figures 5.6a – 5.6c). However, in 
the simulated sample with a peak temperature of 830°C, the secondary precipitate particles 
were found to be preferentially distributed on the PAGBs and the substructure boundaries 
(Figures 5.6d – 5.6f). 
The chemical analysis of precipitates in the simulated parent metal samples was examined 
using carbon extraction replicas in the TEM. Figures 5.7 and 5.8 show the representative 
bright field STEM micrographs and EDX spectra and that were obtained from different 
particles respectively. 
The crystallography of the precipitate particles with different chemical compositions was also 
determined. Figure 5.9 shows an HR-TEM micrograph that was collected from an Fe-rich 
precipitate particle in the simulated sample with a peak temperature of 1250°C and the FFT 
of a window of 256 × 256 square pixels from this micrograph. 
Fe-rich precipitate particles were observed in the simulated sample with a peak temperature 
of 1250°C. These particles were commonly found to have an elongated shape with a length of 
approximately 50 nm. The EDX spectra that were obtained from these particles indicate a 
chemical composition that is close to the M3C, cementite, precipitate [63]. Nb-rich and the V-
rich particles were both observed with a size of less than 100 nm, with round and elongated 
shapes for the Nb-rich and the V-rich particles respectively. The EDX spectra that were 
obtained from the V and Nb-rich particles indicated a chemical composition close to the MX 
precipitates [63,64]. Cr-rich particles were found to have variable sizes from less than 100 nm 
to over 400 nm. The chemical composition of the Cr-rich particles as indicated by EDX is 
similar to that expected from M23C6 carbides [64].  
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Figure 5.6. The EBSD grain boundary maps (a and d) and the ion beam induced secondary electron micrographs (b, c, e and f) that were collected from identical 
regions in the Grade 92 parent metal samples that were exposed to the weld thermal cycle simulations with a peak temperature of (a-c) 1000°C and (d-f) 830°C. 
The grain boundaries in (a) and (d) are presented in different colours according to boundary misorientations. The ion beam induced secondary electron 
micrographs were collected at different ion doses to visualise (b and e) the grain structure and (c and f) the secondary precipitate particles in the region of analysis. 
The dashed line in (b) indicates the position of the 20° - 50° PAGB observed in the EBSD grain boundary map (a) in the ion beam induced secondary electron 
micrograph. 
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Figure 5.7. Representative EDX spectra showing the chemical compositions of (a) an Fe-rich, (b) a V-rich, (c) a Nb-rich and a Cr-rich particle on the carbon 
extraction replicas from the Grade 92 parent metal samples with an exposure to the weld thermal cycle simulations with a peak temperature of 1250°C (a), 1000°C 
(b) and 830°C (c). 
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Figure 5.8. Bright field STEM micrographs showing (a) an Fe-rich precipitate particle, (b) a V-rich particle, (c) a Nb-rich particle and (d) a Cr-rich particle 
(indicated by black arrows) on the carbon extraction replicas from the Grade 92 parent metal samples after weld thermal cycle simulations with a peak 
temperature of 1250°C (a), 1000°C (b and c) and 830°C (d). 
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Figure 5.9. (a) A HR-TEM micrograph that was collected from an Fe-rich precipitate particle on the carbon extraction replica from the Grade 92 parent metal 
sample with a peak temperature of 1250°C. The FFT of a window with a size of 256 × 256 square pixels as shown by the inset in (a) is shown in (b).
Z = [101
_
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Selected area electron diffraction patterns (SAEDP), as shown in Figure 5.10, were also 
obtained from the V and Nb-rich and the Cr-rich particles. 
Table 5.2 summarizes the different types of precipitate particles that were observed in the 
parent metal sample that was not exposed to weld thermal cycle simulations and the 
simulated samples with peak temperatures between 830°C and 1250°C. M23C6 carbides and 
V/Nb-rich MX precipitates were found in the original parent metal sample, and the simulated 
samples exposed to peak temperatures of 830°C and 900°C. In the sample receiving a peak 
temperature of 1000°C, the presence of M3C and the MX precipitates were observed, and not 
M23C6 carbides, whereas after a peak temperature of 1250°C, the M3C precipitate was the 
only particle type observed. 
Table 5.2. The predominant types of secondary precipitate particles in the Grade 92 parent metal sample 
that was not exposed to weld thermal cycle simulations and the simulated samples with an exposure to the 
weld thermal cycle simulations with a peak temperature between 830°C and 1250°C.  
Samples 1250°C 1000°C 900°C 830°C Parent metal 
Precipitates M3C M3C, MX M23C6, MX M23C6, MX M23C6, MX, 
 
Figure 5.11 shows Cr-Nb-V ternary diagrams showing the variation in the chemical 
compositions of the MX precipitate particles in the parent metal sample that was not exposed 
to simulated weld thermal cycles, and the simulated samples with a peak temperature of 
900oC and 1000oC.  
The chemical compositions of the MX precipitates in the simulated samples at 900oC were 
similar to the unexposed parent metal sample. Thus, a continuous range of compositions 
between (V,Cr)X and NbX was observed. However, in the sample which had experienced a 
peak temperature of 1000°C, a larger proportion of NbX precipitates were observed within 
the distribution. 
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Figure 5.10. The selected area electron diffraction patterns that were obtained from (a) a V-rich particle, (b) a Nb-rich particle and (c) a Cr-rich particle on the 
carbon extraction replicas from the Grade 92 parent metal samples after weld thermal cycle simulations with a peak temperature of 1000°C (a and b) and 830°C (c) 
respectively. 
55° 
55° 60° 
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Figure 5.11. (a) The Cr-Nb-V ternary diagrams showing the variation in the chemical compositions of the MX precipitates in the Grade 92 parent metal sample 
that was not exposed to weld thermal cycle simulations and the simulated samples with an exposure to the weld thermal cycle simulations with a peak temperature 
of (b) 900°C and (c) 1000°C. The total numbers of the particles that were investigated in each sample are (a) 53, (b) 56 and (c) 48 respectively. 
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5.5. Microstructure in the HAZ of the Grade 92 bead-on-plate weld 
The hardness variation across the HAZ of the bead-on-plate weldment was mapped. In this 
analysis selected hardness ranges are shown using different colours. Figure 5.12 shows a 
large-scale hardness map that was obtained from the regions of the weld metal, the HAZ and 
the parent metal in the bead-on-plate weld.  
In the region of analysis, a hardness value of over 450 HV0.2 was observed in the HAZ 
regions that were less than 2 mm from the weld line. In the regions with a distance of over 2 
mm from the weld line, the hardness in the HAZ decreased from over 450 HV0.2 to 210 – 240 
HV0.2 as the distance from the weld line increased. The parent metal hardness was in the band 
210 – 240 HV0.2, with the weld metal hardness over 420 HV0.2.  
The variation of the grain structure across the HAZ was characterised using EBSD mapping 
analysis. Figure 5.13 shows a large-scale montage of EBSD grain orientation maps that 
provides an overview of the grain structure in the regions of the weld metal, the HAZ and the 
parent metal in the bead-on-plate weld. 
EBSD mapping analyses were performed to characterise the grain structure in the different 
regions of the HAZ in more detail. Figure 5.14 shows the overlaid images of the coloured 
EBSD grain orientation maps and the grey-scale EBSD image quality maps. These maps 
were collected at a step size of 1 μm. The EBSD grain boundary maps showing the 20° - 50° 
boundary misorientation in the identical regions. 
In regions within approximately 1.5 mm of the weld line, the grain size in the HAZ was 
found to be significantly smaller in size than the parent metal (Figure 5.13). The presence of 
PAGs with a size of over 50 μm was observed in the regions with a distance of less than 0.5 
mm from the weld line (Figures 5.14a and 5.14d), whereas the PAGs in the region within a 
distance of 0.5 mm - 1.1 mm from the weld line were predominantly found to have a size of 
10 - 20 μm (Figures 5.14b and 5.14e). The grain structure in the region within a distance of 
1.6 mm from the weld line is composed of PAGs with a size of less than 10 μm in the regions 
together with coarse lath-like grains with a width of 5 μm (Figures 5.14c and 5.14f). 
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Figure 5.12. A large scale hardness map showing the variation of hardness in the regions of the weld metal, the HAZ and the parent metal in an as-welded single-
pass bead-on-plate weld on the Grade 92 parent metal. The dashed line indicates the position of the weld line. 
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Figure 5.13. A large-scale montage of EBSD grain orientation maps showing an overview of the grain structure in the regions of the weld metal, the HAZ and the 
parent metal of an as-welded single-pass bead-on-plate weld on a Grade 92 parent metal. The dashed line indicates the location of the weld line. 
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Figure 5.14. The overlaid images of the coloured EBSD grain orientation and the grey-scale EBSD image quality maps (a - c) that were collected at a step size of 1 
μm showing the PAG structure in the regions with a distance of (a) 0.35 mm, (b) 1.10 mm and (c) 1.60 mm from the weld line in an as-welded single-pass bead-on-
plate weld on a parent metal of the Grade 92 steel. The EBSD grain boundary maps showing the 20° - 50° boundary (d - f) in the corresponding locations are 
included to provide the details of the PAGB properties.  
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Figure 5.15 shows the overlaid images of the coloured EBSD grain orientation maps and the 
grey-scale EBSD image quality maps that were collected at a step size of 0.1 μm and the 
EBSD grain boundary maps showing the 2° - 20° and 50° - 60° boundaries in identical 
regions. 
In the regions that are less than 0.1 mm from the weld line, the martensitic substructure is 
predominantly composed of laths with a width of less than 5 µm (Figures 5.15a and 5.15d), 
whereas a finer substructure was observed in the regions further away from the weld line 
(Figures 5.15b and 5.15e). In the regions showing a duplex microstructure due to partial re-
austenisation, the substructures in the re-austenitised grains were much finer than the original 
substructure in the parent metal, which is composed of the laths with a width of up to 10 µm 
(Figures 5.15c and 5.15f). 
Ion beam induced secondary electron imaging was performed to investigate the distribution 
of precipitate particles. Figure 5.16 shows the ion beam induced secondary electron 
micrographs that were collected across the HAZ of the bead-on-plate weld.  The number of 
secondary precipitate particles per unit area and the size of particles were both quantitatively 
measured from ion beam induced secondary electron micrographs. Figure 5.17 shows the 
graphs showing the variations of the number per unit area and the size of precipitate particles 
across the HAZ of the bead on plate weld in the identical regions where EBSD mapping 
analyses were previously performed. 
Particles were not observed in the regions within a distance of less than 0.7 mm from the 
weld line (Figures 5.16a and 5.17a). The average number per unit area and the average size of 
particles were found to both increase as the distance from the weld line increased from 0.85 
mm to 1.6 mm. 
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Figure 5.15. The overlaid images of the coloured EBSD grain orientation and the grey-scale EBSD image quality maps (a - c) that were collected at a step size of 0.1 
μm showing the martensitic substructure in the regions with a distance of (a) 0.10 mm, (b) 0.85 mm and (c) 1.60 mm from the weld line in an as-welded single-pass 
bead-on-plate weld on a parent metal of the Grade 92 steel. The EBSD grain boundary maps showing the 2° - 20° and 50° - 60° boundaries (d - f) in the 
corresponding locations are included to provide the details of substructure boundary properties. 
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Figure 5.16. Ion beam induced secondary electron micrographs showing the distribution of secondary precipitate particles in the regions with a distance of (a) 0.60 
mm, (b) 0.85 mm  and (c) 1.35 mm from the weld line in an as-welded single-pass bead-on-plate weld on a Grade 92 parent metal.  
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Figure 5.17. Graphs showing (a) the variations of the average number per unit area and (b) the average size of the secondary precipitate particles across the HAZ 
of an as-welded single-pass bead-on-plate weld on a parent metal of the Grade 92 steel. Average values and standard deviations were obtained from 3 
measurements in each region. The values of standard deviation are indicated by half of the lengths of the error bars. The grey boxes indicate the number of 
particles per unit area and the size of particles in the parent metal. 
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5.6 Discussion 
The experimentally measured Ac1 and the Ac3 temperatures (Table 5.1) were found to be 
higher than the values of the Ae1 and the Ae3 temperatures predicted by thermodynamic 
calculations, with a greater difference observed between Ac3 and Ae3 than between Ac1 and 
Ae1. Published values for Grade 92 steel are typically in the range, Ac1: 800 - 835°C and Ac3: 
900 - 920°C [9,164]. However, in other recent work concerned with HAZ simulations in 9Cr 
steel welds (e.g. [13,76]), the measured values of the Ac1 and the Ac3 temperatures during 
weld thermal cycles were also found to be higher than published data that were obtained by 
using a relatively low heating rate (e.g. 28°C/hour ≈ 0.0078°C/s as defined by ASTM A1033-
04 [165]). To reproduce the microstructures observed in practical welding processes, in 
which heating rates of over 100oC s-1 can be applied [8], it is important to consider the 
influence of heating rate on the Ac1 and the Ac3 temperatures. It is worth noting that 
according to a systematic investigation of the variation in heating rate on the Ac1 and the Ac3 
temperatures of Grade 92 steel [24], the Ac1 and the Ac3 temperatures of Grade 92 steel were 
relatively stable at lower heating rates of up to 0.3°C s-1, whereas at heating rates of over 
10°C s-1, the measured Ac1 and the Ac3 temperatures were observed to increase significantly. 
Therefore, the higher measured values of the Ac1 and the Ac3 temperatures in this case are 
attributable to the high heating rates used to simulate the weld thermal cycles. 
Using EBSD mapping analysis, it has been observed in the parent metal sample that the 
misorientations of the boundaries within the martensitic substructure are predominantly in the 
range of 2° - 20° and 50° - 60°, whereas the 20° - 50° boundaries are predominantly the 
PAGBs. Similar observations on the martensitic steels have been reported in literature. The 
substructure boundaries that are with a misorientation of 2° - 20° and 50° - 60° have been 
indicated as the boundaries between blocks and packets [53]. Due to a Kurdjumov-Sachs 
orientation relationship between martensite and the parent austenite phases, the 
misorientations of the substructure boundaries, such as packet and block boundaries, are in 
the range of 2° - 20° and 50° - 60° [53]. The misorientations of the PAGBs, however, are 
expected to follow a Mackenzie-type distribution of grain boundary misorientation for non-
textured cubic structures, which shows a higher angular fraction in the misorientation range 
of 20° - 50° [55]. Similarities in grain structure were observed between the regions that were 
less than 0.5 mm from the weld line in the HAZ of the bead on plate sample, and the 
simulated samples that were heated to a temperature above the Ac3 temperature (e.g. 1250°C). 
The grain structure in the regions further away from the weld line was found to be similar to 
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the simulated sample which was heated to a temperature close to the Ac3 temperature (e.g. 
1000°C). In the regions close to the boundary between the HAZ and the parent metal, the 
grain structure was similar to the simulated sample which experienced an intercritical peak 
temperature between the Ac1 and the Ac3 temperatures.  
The hardness in the completely re-austenitised regions was significantly higher than the 
parent metal. This hardness is due to the fact that the microstructure in these regions is 
predominantly composed of the freshly formed untempered martensite, compared to the 
tempered martensitic microstructure of the original parent metal.  
Precipitates were not detected by ion beam induced secondary electron imaging in the regions 
with a distance of less than 0.6 mm from the weld line. Similarly, no precipitates were found 
in the simulated parent metal sample with a peak temperature of 1250°C. Detailed particle 
analysis on carbon extraction replicas indicated that a heating cycle to these high 
temperatures resulted in complete dissolution of both the M23C6 carbides and the MX 
precipitates.  
As the distance from the weld line increased beyond 0.8 mm, un-dissolved secondary 
precipitate particles were observed. The highest peak temperature at which un-dissolved 
precipitates were observed after the weld thermal cycle simulations was 1000°C. Detailed 
particle analysis on the carbon extraction replicas from this sample shows that the un-
dissolved precipitates after the simulated weld thermal cycle are mainly of the MX type, with 
the M23C6 carbides having been almost completely dissolved (Table 5.2). This is consistent 
with observations in the literature for Grade 92 steel that the M23C6 carbides are not stable at 
temperatures over 1000°C [10], and indeed the predicted dissolution temperature of M23C6 
carbides in Grade 92 steel is ~890oC according to thermodynamic equilibrium calculations 
[27].  
The ion beam induced secondary electron micrographs were compared with EBSD analysis 
of identical regions. This comparison showed that these un-dissolved particles were not 
closely associated with PAGBs or substructure boundaries. This observation suggests that 
these un-dissolved precipitate particles do not have a significant influence on the resulting 
grain structure after the weld thermal cycle simulations.  
It was also noted that in the simulated sample which had experienced a peak temperature of 
1000°C, a larger fraction of the MX particles were Nb-rich compared to the simulated 
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samples which had experienced a lower peak temperature. This result is consistent with  
previous observations obtained by the STEM EDX mapping analyse [22]. It appears that the 
Nb-rich MX has higher stability compared to V-rich MX precipitates at temperatures in 
excess of 1000°C [10,61].   
It is worth noting that the conventional definitions of the HAZ microstructure, based 
primarily on observations from low alloy steel welds, involves a further classification of the 
regions with a peak temperature above the Ac3 temperature into the so-called ‘coarse-grain 
(CG)’ and ‘fine-grain (FG)’ regions. This estimate is related to whether the prior austenite 
grain structure was significantly influenced by second phase particles [2,3,19]. However, it 
has been observed in this case that the rapid weld thermal cycle results in the Ac3 temperature 
being close to the temperature at which the pre-existing secondary precipitates are completely 
dissolved. Thus, although some variation in the grain structure in the regions that were heated 
above the Ac3 temperature was observed (Figures 5.2 and 5.3), these were primarily a 
function of distance from the weld line, rather than being caused by the presence of un-
dissolved secondary precipitates. Therefore, all of the regions that were exposed to a peak 
temperature above the Ac3 temperature are proposed to be termed the ‘completely 
transformed (CT)’ regions, considering that the original microstructure in the parent metal 
has been completely changed upon weld thermal cycles with full particle dissolution. 
A reduction in hardness was observed as a function of distance from the weld line, through 
the regions showing a partially re-austenitised microstructure in the HAZ of the bead-on-plate 
weld, which can be attributed to a decreased fraction of the freshly formed and untempered 
martensite as the distance from the weld line increases. However, it should also be noted that 
in these regions, undissolved secondary particles after the weld thermal cycle were observed 
with an increase in size and number density (Figure 5.17), which may lead to a further 
decrease in hardness with distance from the weld line due to reduction in the concentration of 
carbon and alloying elements in the matrix. 
Using ion beam induced secondary electron imaging, secondary precipitates were found to be 
partially dissolved in the simulated samples with a peak temperature of 900°C, whereas upon 
a peak temperature of no higher than 850°C, secondary precipitates were found to be 
coarsened after the simulated weld thermal cycle (Figure 5.5). The particle analysis on the 
carbon extraction replicas has indicated that the M23C6 and the MX precipitates are both the 
predominant type of precipitates in the simulated samples after weld thermal cycle 
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simulations (Table 5.2). However, it was observed that the MX precipitates were not 
significantly affected by the simulated weld thermal cycles with a peak temperature of lower 
than 1000°C, and therefore the M23C6 carbides are thus considered as the main particles that 
are sensitive to the variation of peak temperature for thermal cycles peaking at temperatures 
of ~1000°C.  
Considering that the transition temperature of the dissolution and coarsening of the M23C6 
carbides is close to the Ac1 temperature of the parent metal, the regions in the HAZ that were 
heated to a temperature below the Ac3 temperature can be classified into two regions. One of 
the regions is associated with the partial re-austenitisation of the original matrix and the 
partial dissolution of the pre-existing secondary precipitate particles with an intercritical peak 
temperature of between the Ac1 and the Ac3 temperatures. The other region is involved with 
the coarsening of the pre-existing secondary precipitate particles with a peak temperature of 
slightly below the Ac1 temperature.  
Comparing with the existing definition of the HAZ microstructure in 9 wt.% Cr steel welds 
[2,3,19],  the ranges of the corresponding peak temperatures of these two regions are close to 
the so-called ‘intercritical (IC)’ and the so-called ‘over-tempered (OT)’ regions respectively. 
However, the terminology ‘intercritical’ does not identify that the martensitic matrix was 
partially re-austenitised and that the secondary precipitates in the original matrix were 
affected by weld thermal cycles. Thus, the corresponding regions in the HAZ that were 
exposed to an intercritical peak temperature are proposed to be termed as the ‘partially 
transformed (PT)’ regions. Figure 5.18 summarizes the classification of the HAZ 
microstructure in Grade 92 steel welds identified from the characterization in this research. 
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Figure 5.18. Schematic diagrams illustrating the classification of the HAZ microstructure in an as-welded single-pass Grade 92 weld. The microstructure in the 
HAZ is classified as the completely transformed (CT), partially transformed (PT) and over tempered (OT) regions as the distance from the weld line increases.  
  
 
 
 
 
135 
5.7 Conclusions 
A combination of the detailed analysis of a single-pass bead on plate weld with samples 
which have undergone thermal cycles to specific temperatures, has shown that due to the high 
heating rates experienced during weld thermal cycles, transformations in the microstructure 
are critical in relation to the Ac1 and the Ac3 transformation temperatures of the parent metal. 
In particular, temperature regimes can result in the coarsening of pre-existing M23C6 particles 
or the full dissolution of precipitates depending on the peak temperature. Therefore, the HAZ 
of the as-welded Grade 92 single-pass weld can be categorized into the regions as follows:  
i) The ‘complete transformation (CT)’ region (i.e. > Ac3), in which the original matrix 
of the parent metal is fully re-austenitised with a complete dissolution of the pre-existing 
secondary precipitate particles;  
ii) The ‘partial transformation (PT)’ region (i.e. between Ac1 and Ac3), in which the 
original matrix is only partially re-austenitised together with a partial dissolution of the pre-
existing precipitate particles;  
iii) The over tempered (OT) region (i.e. <Ac1), in which the grain structure remains 
similar to the original matrix in the parent metal, however, the pre-existing secondary 
precipitate particles are coarsened during welding.  
Following the research that has been undertaken to define the microstructure in the HAZ of 
Grade 92 single-pass welds, the microstructural variation in the HAZ of a more complicated 
multi-pass weld has been further studied and defined based on the classification of the HAZ 
microstructure in single-pass welds, as described in the next chapter. 
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CHAPTER 6 MICROSTRUCTURAL CHARACTERISATION IN THE 
HEAT AFFECTED ZONES OF AS-FABRICATED DOUBLE-PASS AND 
MULTI-PASS GRADE 92 STEEL WELDS 
6.1 Introduction 
The microstructure in the HAZ of a laboratory single-pass Grade 92 steel weld has been 
investigated in the previous chapter to define the microstructural variation in the HAZ. In this 
chapter, the microstructural variation in the HAZ of a more complicated, multi-pass Grade 92 
steel weld in an industrial thick-wall steam pipe has been defined based on the newly 
established classification of HAZ microstructure in single-pass welds. 
Simulated materials have been firstly obtained by exposing the parent metal to dilatometry 
thermal cycles that simulate thermal cycles during a double-pass welding process (as 
described in Chapter 3). The microstructures in the simulated materials that have been 
exposed to various peak temperatures have then been investigated using a range of techniques 
including EBSD and ion beam induced SE imaging (Section 6.3). The microstructural trend 
after being exposed to weld thermal cycles with various peak temperatures has then been 
reviewed in a laboratory double-pass weld (Section 6.4). Finally, microstructural 
investigations have been conducted in the HAZ of a multi-pass Grade 92 weld in a thick-wall 
steam pipe to accurately classify the microstructural distribution in the HAZ (Section 6.5). 
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6.2 Materials and samples  
A two-pass bead-on-plate weld was fabricated using the SMAW process on a Grade 92 pipe 
section under carefully controlled conditions representative of industrial processes, as shown 
in Figure 3.1a. The chemical composition of the parent metal was experimentally measured 
from the samples that were obtained from the same pipe, presented in Table 3.1. The 
fabrication condition of the bead-on-plate weld has been introduced in Chapter 3.  
 
A cross-section was also examined from a 75 mm thick Grade 92 multipass weldment. The 
chemical composition of the parent metal of this weld is presented by Table 3.5. The 
fabrication condition of the multi-pass weld has been introduced in Chapter 3 (Table 3.6).  
Simulated weld thermal cycle experiments were carried out using a Bahr 805 dilatometer on 
the parent metal samples adjacent to the welds. The samples were subjected to two sequential 
high temperature thermal cycles, to either the same or different peak temperatures in order to 
simulate a multipass weld thermal cycle, as tabulated in Table 3.4.  
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6.3. Phase transformation temperatures in simulated HAZ experiments  
In this section the simulated thermal cycles are referred to by the peak temperature 
experienced in successive thermal cycles. Therefore, the description “1250°C + 1250°C” 
refers to the fact that the peak temperature for the first cycle was 1250°C and that for the 
second cycle was also 1250°C.    
The values of the Ac1 and the Ac3 temperatures of the parent metal were measured from a 
single heating-cooling cycle which simulates the weld thermal history in the HAZ of a single-
pass weld. The Ac1 and the Ac3 temperatures were thus measured at 877 ± 9°C and 1057 ± 
30°C respectively (Chapter 5). The transformation temperatures were also determined from 
the double-pass simulation thermal cycles in the dilatometer as illustrated in Table 6.1. 
Table 6.1. The Ac1 and the Ac3 temperatures that were measured from the dilation (d) versus 
temperature (T) information and the derivative dd/dT versus temperature plots that were obtained 
during the first and the second heating-cooling cycles of double-pass simulation thermal cycles. 
 1
st cycle 2nd cycle 
Samples Ac1 Ac3 Ac1 Ac3 
1250°C + 1250°C 894 1071 864 1051 
1250°C + 1000°C 865 1088 848  
1250°C + 900°C 869 1087 856  
1250°C + 830°C 838 1086   
830°C + 1250°C   833 1064 
900°C + 1250°C   825 1091 
1000°C + 1000°C 880  822  
900°C + 900°C 886  855  
 
The mean hardness values of the simulated HAZ samples are shown in Figure 6.1, and the 
statistics for each sample are detailed in Table 6.2. The hardness value for a single thermal 
cycle with a peak temperature of 1250°C was found to be ~470 HV 0.2 (Chapter 5).  The 
influence of the second thermal cycle was found to be as follows:  
• The 1250°C + 1250°C cycle did not markedly change the observed hardness values; 
• In the 1250°C + 1000°C cycle, the hardness was seen to increase, which is consistent 
with the refined grain structure observed as a consequence of the second thermal 
cycle being between Ac1 and Ac3;  
• The 1250°C + 900°C cycle did not markedly change the observed hardness values. 
• The 1250°C + 830°C cycle resulted in a decrease in the hardness of ~75 HV, to a 
value of 376 HV 0.2.  
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In samples 830°C + 1250°C and 900°C + 1250°C, the hardness values (i.e. ~465 HV 0.2) 
were similar to the single 1250°C thermal cycle. For the 1000°C + 1000°C cycle, the 
hardness was not significantly different (468 HV 0.2) from that of the single 1250°C thermal 
cycle. The 900°C + 900°C sample exhibited the lowest hardness values in these experiments 
at 288 HV 0.2.  
Table 6.2. Detailed statistical data of hardness measurements that were obtained from double-pass HAZ 
simulation samples (HV0.2). 
 
1250°C + 
1250°C 
1250°C + 
1000°C 
1250°C + 
900°C 
1250°C + 
830°C 
830°C + 
1250°C 
900°C + 
1250°C 
1000°C + 
1000°C 
900°C + 
900°C 
Min. 420 383 403 338 439 435 420 215 
5th 424 455 428 357 443 445 439 226 
25th 439 490 437 366 457 455 455 247 
50th 451 500 445 375 466 462 464 281 
75th 466 509 451 384 474 474 477 325 
95th 481 519 457 399 485 488 504 357 
Max. 483 540 470 419 500 500 534 399 
Avg. 451 500 445 376 466 464 468 288 
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Figure 6.1. A graph showing the average hardness of the parent metal samples after exposure to the simulations of double-pass weld thermal cycles with peak 
temperatures of 1250°C + 1250°C, 1250°C + 1000°C, 1250°C + 900°C, 1250°C + 830°C, 830°C + 1250°C, 900°C + 1250°C, 1000°C + 1000°C and 900°C + 900°C. 
The average values and the standard deviations of the hardness of each sample were obtained from 100 measurements. The values of standard deviations are 
indicated by half of the lengths of the error bars.  
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The grain structures in the dilatometry simulated parent metal samples were characterised by 
using EBSD mapping analysis. Figure 6.2 shows the EBSD grain orientation maps that were 
collected from selected double cycle HAZ simulations.   
In the 1250°C + 1250°C sample, the grain structure in the simulated parent metal sample is 
predominantly composed of PAGs with a size of approximately 50 μm, whereas the 1250°C 
+ 900°C begins to show a duplex grain structure composed of both PAGs < 20 μm and ~50 
μm in diameter. The 1250°C + 830°C retains a grain structure that is predominantly 
composed of PAGs with a size of approximately 50 μm. In the simulations where the second 
thermal cycle was 1250°C, the PAG size was ~50 μm. The grain structure in the 1000°C + 
1000°C sample was found to be predominantly composed of grains with a size of < 20 μm. 
The 900°C + 900°C sample was composed of a duplex grain structure in which very fine 
PAGs with a size of less than 10 μm were distributed along the pre-existing PAGBs (~200 
μm in diameter) in the original matrix of the parent metal.   
Ion beam induced secondary electron imaging was also performed on the parent metal 
samples after each of the double simulated HAZ thermal cycles to investigate the distribution 
characteristics of secondary precipitate particles. Figure 6.3 shows selected results from the 
ion beam induced secondary electron micrographs.  
The presence of precipitates was not observed in the simulated parent metal samples that 
were exposed to a peak temperature of 1250°C in the second thermal cycle (Figures 6.7a and 
6.7d). In the simulated HAZ samples 1250°C + 900°C and 1250°C + 830°C the presence of 
very fine precipitates with a size of less than 100 nm was observed (Figures 6.7b and 6.7c). In 
the simulated parent metal samples that were exposed to inter critical peak temperatures 
between the Ac1 and the Ac3 temperatures, samples 1000°C + 1000°C and 900°C + 900°C, 
the presence of undissolved precipitates having a size of approximately 200 nm was observed 
(e.g. Figures 6.7e and 6.7f). 
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Figure 6.2. The EBSD grain orientation maps that were collected at a step size of 2 μm showing the grain structure in the parent metal samples that were exposed 
to the simulations of double-pass weld thermal cycles with peak temperatures of (a) 1250°C + 1250°C, (b) 1250°C + 900°C, (c) 1250°C + 830°C, (d) 900°C + 1250°C , 
(e) 1000°C + 1000°C and (f) 900°C + 900°C.  
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Figure 6.3. The ion beam induced secondary electron micrographs showing secondary precipitate particles in the parent metal samples that were exposed to the 
simulated double-pass weld thermal cycles with peak temperatures of (a) 1250°C + 1250°C, (b) 1250°C + 900°C, (c) 1250°C + 830°C, (d) 900°C + 1250°C, (e) 
1000°C + 1000°C and (f) 900°C + 900°C.  
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EBSD mapping analysis and ion beam induced secondary electron imaging were performed 
in identical regions to directly investigate the relationship between precipitates and the grain 
structure. Figure 6.4 shows the EBSD grain boundary map and the ion beam induced 
secondary electron micrographs that were collected from an identical region in the 1250°C + 
900°C simulated sample. 
The secondary precipitate particles that were detected in the region of analysis were found to 
be predominantly distributed on the martensitic substructure boundaries and PAGBs. An 
‘array’ of precipitates was observed and were not directly correlated with the detected grain 
boundaries.  
The precipitates in the simulated 1250°C + 900°C HAZ sample were extracted using a carbon 
extraction replica technique for chemical and crystallographic analyses. Figure 6.5 shows a 
TEM bright field micrograph of these particles and the representative EDX spectrum and 
SAEDP that were collected from the selected particles of interest. The chemical composition 
and the lattice structure of a representative particle from this array were found to be 
consistent with it being an M23C6 carbide [64]. 
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Figure 6.4. (a) An EBSD grain boundary map and (b and c) the ion beam induced secondary electron micrographs that were collected from the identical regions in 
the parent metal sample that was exposed to the simulation of double-pass weld thermal cycle with peak temperatures of 1250°C + 900°C. Ion beam induced 
secondary electron micrographs were collected at different ion beam doses to visualise the grain structure and the distribution of secondary precipitate particles in 
the region of analysis as shown in (b) and (c) respectively. The white dashed line in (a) indicates the location of a ‘line’ of secondary precipitate particles as observed 
in (c).  
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Figure 6.5. A TEM bright field micrograph showing the secondary precipitate particles on a carbon extraction replica that was obtained from the parent metal 
sample that was exposed to the simulation of double-pass weld thermal cycle with peak temperatures of 1250°C + 830°C. The EDX spectrum (b) and the SAEDP (c) 
that were obtained from a particle as indicated by the white arrow in (a) are also included. The inset in (c) shows the interpretation of the SAEDP. 
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6.4. The microstructure in the HAZ of a two-pass, bead-on-plate Grade 92 weld 
The hardness variation in the two-pass, bead-on-plate weld is provided in Figure 6.6 as a 
colour hardness plot. The measured hardness in the weld metal can be seen to be 
generally >430 HV 0.2 and in the parent material the hardness is consistently within the 
range of 220 to 250 HV 0.2.  The partially transformed region, completely transformed 
region, and variations on these zones due to the second weld thermal cycle show a range of 
hardness values from a maximum of ~460 HV 0.2 to ~310 HV 0.2. The region between the 
unaffected parent material and the transformed regions in the HAZ, known as the over-
tempered region, exhibited a drop in hardness values to a minimum of ~205 HV 0.2.  
An overview of grain structure in the two-pass bead-on-plate weld was obtained using EBSD. 
Figure 6.7 shows a large-scale montage of the EBSD grain orientation maps that were 
collected from exactly the same regions where the hardness mapping analysis was performed. 
Starting in the unaffected parent material, the prior austenite grain structure is observed to be 
quite coarse and contains a high density of subgrain boundaries (Chapter 4). The grain 
structure then becomes far more complex in the HAZ. In the regions adjacent to the 
unaffected parent material, the prior austenite grain (PAG) size is observed to be ~20 μm in 
diameter, whereas near from the weld line this value increases to ~100 μm. In the overlapped 
HAZ region between the weld beads, the PAGs structure was dominated by grains of ~ 50 
μm in diameter.  A coarse, columnar grain structure was observed in the weld metal in the 
regions away from the overlapping regions between the two weld beads. In the overlapped 
region of the deposited weld metal, a refined grain structure was observed.  
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Figure 6.6. A large-scale hardness map showing the variation of hardness in the regions of the weld metal, the HAZ and the parent metal in an as-welded double-
pass bead-on-plate weld on a Grade 92 parent metal. The solid line indicates the boundaries between weld beads and the parent metal.  
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Figure 6.7. A large-scale montage of EBSD grain orientation maps that were collected at a step size of 2 μm covering the weld metal, the HAZ and the parent metal 
of an as-welded double-pass bead-on-plate weld on a Grade 92 parent metal. The solid lines indicate the weld line and the boundary of the HAZ. The overlapped 
regions in the weld metal and the HAZ are indicated by dashed lines.  
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6.5. The microstructure in the HAZ of a multi-pass SAW weld from a Grade 92 steam 
pipe 
The variation of hardness in the multi-pass SAW weld sample was characterised by using 
hardness mapping, as shown in Figure 6.8. The hardness ranges for each of the weld metal, 
HAZ, over-tempered, and parent metal constituents were found to be similar to that 
previously detailed for the two-pass bead-on-plate weld sample.   
An overview of the grain structure was obtained by using EBSD mapping analysis across the 
multi-pass SAW weld. Figure 6.9 shows a large-scale montage of EBSD grain orientation 
maps that were obtained from regions of the weld metal, the HAZ and the parent metal.  
The grain structures in Regions 1 to 6 from the HAZ of the multi-pass SAW weld were 
characterised by the EBSD mapping analysis using a higher resolution step size of 1 µm. 
Figure 6.10 shows the overlaid images of the EBSD grain orientation and the grey-scale 
EBSD image quality maps that were collected from Regions 1 to 6 and the schematic 
diagrams of the grain boundaries in the corresponding regions.  
The grain structure in the HAZ was mainly composed of PAGs with a size of approximately 
50 μm (Figure 6.10a, Region 1) and then with increasing distance from the weld line, 
changed to a finer grain structure composed of PAGs with a size of less than 20 μm (Figure 
6.10b, Region 2), then further to a grain structure that was a combination of the PAGs with a 
size of less than 20 μm and the larger PAGs with a size of over 60 μm (Figure 6.10c, Region 
3). The grain structure in Region 4 was found to be composed of PAGs with a size of ~50 μm 
and the PAGs with a size < 20 μm (Figure 6.10d). The grain structure in Region 5 was similar 
to Region 3, in which a duplex grain structure of PAGs of < 20 μm and larger PAGs with a 
size > 60 μm was observed (Figure 6.10e). The grain structure in Region 6 (Figure 6.10f) was 
similar to Region 1, in which the grain structure was predominantly composed of PAGs with 
a size ~50 μm. 
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Figure 6.8. A large-scale hardness map showing the variation of hardness in the regions of the weld metal, 
the HAZ and the parent metal in an as-welded multi-pass SAW weld on a Grade 92 steam pipe. The solid 
line and the dashed box indicate the weld line and the region where the subsequent grain structure 
analyses as shown in Figure 14 were performed respectively.  
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Figure 6.9. A large-scale montage of the EBSD grain orientation maps that were collected at a step size of 
2 μm from an area covering the regions of the weld metal, the HAZ and the parent metal in an as-welded 
multi-pass SAW weld on a Grade 92 steam pipe. The regions where the EBSD maps were collected are 
indicated in Figure 6.8 by the dashed box. The solid line and the black boxes indicate the weld line and 
the regions where the subsequent EBSD analyses at a higher magnification were performed respectively. 
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Figure 6.10. The overlaid images of the coloured EBSD grain orientation and the grey-scale EBSD image quality maps that were collected at a step size of 1 μm (a - 
f) showing the grain structure in the HAZ of an as-welded multi-pass SAW weld on a Grade 92 steam pipe. The regions where the EBSD analyses were performed 
are labelled in Figure 6.9 as the Regions (a) 1 , (b) 2, (c) 3, (d) 4, (e) 5 and (f) 6. The EBSD grain boundary maps that exhibit the 20° - 50° boundary in Regions 1 - 6 
are included for comparison. 
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Ion beam induced secondary electron imaging was performed in the HAZ of the multi-pass 
SAW weld to characterise the distribution characteristics of secondary precipitate particles. 
Figure 18 shows the ion beam induced secondary electron micrographs that were collected 
from the Regions 1 to 6 as indicated in Figure 6.11. 
The presence of secondary precipitate particles was not observed in Regions 1 and 4, whereas 
in Region 2 a small number of particles with a size of < 100 nm were observed. In both 
Regions 3 and 5, the presence of the secondary precipitate particles with a size of ~200 nm 
and smaller ones with a size of < 100 nm were observed. The number density of the particles 
in Region 3 was found to be higher than that in the Region 5. The secondary precipitate 
particles that were detected in Region 6 were found to be less than 100 nm in size.  
 
Figure 6.11. The ion beam induced secondary electron micrographs (a - f) showing the secondary 
precipitate particles in the HAZ of an as-welded multi-pass SAW weld on a Grade 92 steam pipe. The 
regions where the micrographs were collected are indicated in Figure 6.9 as Regions (a) 1, (b) 2, (c) 3, (d) 
4, (e) 5 and (f) 6.  
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6.6 Discussion 
Figure 6.12 presents a schematic diagram illustrating the overlap of the CT-, the PT- and the 
OT-HAZ regions for an overlapped two-bead scenario, building on the previous development 
of a classification scheme for the HAZ for 9Cr steels (Chapter 5). This figure shows all of the 
possible HAZ thermal cycle combinations, although some of these classifications are 
redundant since a specific peak temperature (such as 1250°C) can effectively -reset the 
microstructure regardless of the previous peak temperatures. Furthermore, peak temperatures 
which are less than the Ac1 do not appear to markedly affect the observed microstructure (i.e. 
Figure 5.19).  
 
Figure 6.12. A schematic diagram showing the classification of the microstructure in the HAZ of a 
double-pass Grade 92 steel weld based on the ranges of thermal cycle peak temperatures.  
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The hardness in the HAZ of the double-pass weld sample (Figure 6.6) was found to possess a 
similar distribution to that of the HAZ in the multi-pass weld sample (Figure 6.8). Similarities 
in grain structure and distribution characteristics of secondary precipitates were also observed 
between the two weld samples (Figures 6.11 and 6.13). Considering that these two weld 
samples share an identical parent metal, it is expected that – provided the experiments are 
well-controlled and well-understood – the thermal history in the HAZ of the multi-pass weld 
should be equivalent to a two-pass bead-on-plate condition.  
It has been observed that when a peak temperature is experienced greater than the Ac3 
temperature (e.g. 1250°C in this set of experiments) during the second thermal cycle, the 
grain structure in the dilatometry simulated samples is predominantly composed of PAGs 
with a size of approximately 50 μm (i.e. Figures 6.2a and 6.2d). A complete dissolution of the 
pre-existing secondary precipitate particles from the original matrix of the parent metal was 
also observed in these samples (as shown in Figures 6.3a and 6.3d). Similar microstructural 
properties were observed in the weld HAZs in the regions close from the weld line of the 
second bead in the two-pass bead-on-plate weld (Figure 6.7) and in Region 1 of the multi-
pass weld. A hardness of > 450 HV0.2 was measured in these regions, which can be attributed 
to a grain structure that is predominantly composed of the freshly formed, un-tempered 
martensite. These regions are labelled as the CT-CT, PT-CT and OT-CT regions in Figure 
6.16. The key microstructural properties in these regions include a completely re-austenitised 
matrix and a complete dissolution of secondary precipitate particles. Upon an intercritical 
peak temperature of between the Ac1 and the Ac3 temperatures during the second thermal 
cycle, the pre-existing grain structure after the first weld thermal cycle is further refined. 
After being exposed to a peak temperature of above the Ac3 temperature during the first 
thermal cycle, a grain structure that is predominantly composed of the grains with a size of < 
20 μm was observed after the second thermal cycle with an intercritical peak temperature (e.g. 
Figure 6.2b). For the simulated samples that were exposed to a peak temperature of close to 
the Ac3 temperature (e.g. 1000°C) during either the first or the second thermal cycles, a 
refined grain structure, with a grain size of less than 20 μm was observed (e.g. Figure 6.2e). 
When a region experiences a peak temperature that is near the Ac1 temperature (e.g. 900°C) 
during both the first and the second thermal cycles, the original matrix of the parent metal is 
not completely re-austenitised and hence exhibits a duplex microstructure showing fine PAGs 
that are distributed on the pre-existing PAGBs in the parent metal (e.g. Figure 6.2f). Similar 
grain structures were observed in the weld HAZs, such as in Regions 2 and 4 in the multi-
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pass weld (e.g. Figures 6.10b and 6.10d). These regions are consistent with the classified 
regions labelled as the CT-PT, PT-PT and OT-PT regions in Figure 6.12.  
The hardness of the dilatometry simulated samples that were exposed to a peak temperature 
of between the Ac1 and the Ac3 temperatures during the second thermal cycle was found to 
vary. When the peak temperature of the second thermal cycle is close to the Ac3 temperature, 
the hardness of the simulated sample was found to be higher than 460 HV0.2, which can be 
attributed to a matrix that is predominantly composed of the freshly formed un-tempered 
martensite after weld thermal cycle simulations. When the peak temperatures of both the first 
and the second weld thermal cycles are close to the Ac1 temperature, a lower hardness with a 
higher standard deviation between measurements was observed, which is attributable to a 
partially re-austenitised matrix after the weld thermal cycle simulations. 
The presence of un-dissolved secondary precipitate particles from the parent metal was 
observed in the dilatometry simulated samples that were exposed to intercritical peak 
temperatures during both the first and the second thermal cycles (Figures 6.3e and 6.3f). 
Consistent with previous work (Chapter 5), the pre-existing secondary precipitate particles in 
the parent metal are only partially dissolved upon experiencing a peak temperature of 
between the Ac1 and the Ac3 temperatures, which is consistent with the observations from 
both the dilatometry samples that were exposed to double-pass simulations and the HAZs of 
double/multi-pass welds. It has been observed that when a region experiences a peak 
temperature of ~Ac3, the remaining precipitates are predominantly MX, whereas for 
temperatures closer to ~Ac1 the remaining precipitates are both M23C6 and MX. Combining 
the observations of grain structure in the weld HAZs, the remaining precipitates in the 
regions showing a refined grain structure are likely to be of the MX type, whereas the 
remaining particles in the partially re-austenitised regions consist of both M23C6 and MX type 
carbonitrides. 
During the second thermal cycle with a peak temperature of lower than the Ac1 temperature 
(e.g. 830°C), the pre-existing grain structures after the first thermal cycle in the dilatometry 
simulated parent metal samples are not significantly changed (Figure 6.2c). However, the 
hardness of these samples was found to be lower than those that were exposed to a similar 
peak temperature during the first thermal cycle. Regions showing similar microstructural 
properties and hardness values were also observed in the weld HAZs, such as in Region 6 
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from the multi-pass weld. These microstructural features correspond to the regions such as 
the CT-OT, PT-OT and OT-OT regions in Figure 6.16. 
The presence of fine M23C6 carbides particles with a size of < 100 nm was observed in both 
the simulated samples exposed to a peak temperature < Ac1 temperature during the second 
thermal cycle (e.g. Figure 6.3c) and the corresponding regions with similar thermal histories 
in the weld HAZs (e.g. Figure 6.11f). The critical peak temperature below which these small 
particles start to be observed after double-pass weld thermal cycle simulations is 
approximately 900°C (Figure 6.3), above which the presence of these small particles was not 
observed due to a complete dissolution of these particles upon the exposure to higher peak 
temperatures. These M23C6 are finer than those in the original matrix of the parent metal. This 
can be attributed to high heating and cooling rates and short holding time periods at peak 
temperature of weld thermal cycles, which provides a much shorter time periods for the 
growth of these precipitates.  
M23C6 particles were found to be formed on the newly-formed PAGBs and along substructure 
boundaries since these have been reported as the preferred locations for precipitation of these 
particles [10]. However, the presence of arrays of small particles that are not distributed on a 
distinct PAG or substructure boundary was also observed (Figure 6.4). Similar observations 
have been reported [13] on a simulated HAZ material that is exposed to a single-pass weld 
thermal cycle simulation with a peak temperature of close to the Ac3 temperature followed by 
a standard post weld heat treatment (PWHT) process. The observation of the apparent, 
random orientation of M23C6 particles (i.e. not located on an apparent boundary) was 
attributed to the local segregation of the alloy elements such as Cr and C after the dissolution 
of the pre-existing M23C6 during the simulated weld thermal cycle. This has been considered 
as an important metallurgical contribution linked to HAZ failures in martensitic steels [13].  
Table 6.3 summarizes the microstructural characteristics in the regions in the HAZ that were 
exposed to various weld thermal histories. The regions that were exposed to a peak 
temperature of below the Ac1 temperature in the later thermal cycle (i.e. the CT-OT, PT-OT 
and OT-OT regions) are identified with a local decrease of hardness and the resulting grain 
structures in these regions are determined during the previous thermal cycle. The regions that 
were exposed to a peak temperature of above the Ac3 temperature in the later thermal cycle 
(i.e. the CT-CT, PT-CT, and OT-CT regions) can be differentiated from the other regions by 
a grain structure that is composed of the PAGs with a size of approximately 50 μm. The 
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regions that were exposed to an intercritical peak temperature of between the Ac1 and the Ac3 
temperatures (i.e. the CT-PT, PT-PT and OT-PT regions) are identified with a refined grain 
structure that is composed of the small PAGs with a size of less than 20 μm. Figure 6.13 
proposes a classification of the microstructure in the HAZ of the multi-pass weld sample 
based on the experimental observations from this study of a creep strength enhanced ferritic 
steel.  
It has been established that HAZ failures in 9 wt. % Cr steel weldments occur in a region that 
is not coincident with the weld line and is close to the boundary between the HAZ and the 
parent metal [15]. Regardless of the previous classification for martensitic steel HAZ regions, 
it is clear that the region most susceptible to long-term creep failure is one that possesses both 
a less-than-ideal grain and precipitate structure. Based on the results reported here, it is 
clearly the case that the PT region, either as result of a single thermal cycle or the PT region 
imposed on a pre-existing region in the HAZ, results in an inferior microstructure for long-
term creep resistance. In general, it can be said that this region relates to exposures of the 
material to a peak thermal temperature between the Ac1 and the Ac3 temperatures during 
welding. The grain structure in a PT, OT-PT, PT-PT or CT-PT region can be varied from a 
completely re-austenitised refined grain structure upon peak temperatures of close to the Ac3 
temperature, to a partially re-austenitised grain structure upon peak temperatures of close to 
the Ac1 temperature, which is consistent with the observations from the existing literature 
[12,140]. The partially re-austenitised matrix exhibits significant microstructural 
heterogeneities has been linked to the presence of HAZ failures in a recent article [167]. 
Further work is underway to link the observations provided here to actual, long-term creep 
test HAZ failures in an effort to better establish the influence of the welding thermal cycle on 
the evolution of damage in the Grade 92 HAZ in full scale components.  
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Table 6.3. A summary of microstructural properties and hardness in the different regions that have 
various thermal histories in the overlapped HAZ region of a double-pass Grade 92 weld. 
Regions Hardness Grain structure Secondary precipitates 
    
CTCT, 
PTCT, OTCT 
Over 460 HV0.2 
Completely re-austenitised 
matrix with PAG size at 50 μm 
Complete dissolution of 
the pre-existing particles 
    
CTPT,  
PTPT, OTPT 
250 - over 460 
HV0.2 
Second cycle peak temperatures 
close to Ac3: completely re-
austenitised matrix with PAG 
size at less than 20 μm;  
Second cycle peak temperatures 
close to Ac1: partially re-
austenitised matrix   
CTPT: complete 
dissolution of the pre-
existing particles; 
PTPT, OTPT: 
incomplete dissolution 
of the pre-existing 
particles from the parent 
metal  
    
CTOT, 
PTOT, OTOT 
Less than 220 - 
400 HV0.2 
CTOT: completely re-
austenitised with PAG size at 50 
μm;  
PTPT: partially re-austenitised 
matrix; 
OTOT: similar grain structure to 
the parent metal 
Coarsening of the 
remained precipitate 
particles;  
Formation of small 
M23C6 carbides in the 
re-austenitised regions 
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Figure 6.13. The classification of the microstructural variation in the overlapping HAZ region of a multi-pass weld on a parent metal of Grade 92 steel based on the 
variations in (a) hardness and (b) grain structure. The locations of weld beads were determined from the contour of the weld line. The locations of the CTOT, 
PTOT and the OTOT regions were determined from the gradient of hardness as shown in (a). The locations of the CTCT, PTPT and the CTPT regions were 
determined from the variation in grain structure as shown in (b). 
(b
 
(a
 
 
 
162 
6.7 Conclusions  
A detailed experimental assessment has been carried out to investigate the influence of 
multiple thermal cycles on regions within the heat affected zone of a high Cr steel weld. The 
microstructural distribution in the HAZ of multi-pass welds in Grade 92 steel which have 
received multiple thermal cycles can be classified as follows, based on the local thermal 
histories to which the regions within the HAZ were exposed during welding process: 
i) The CT-CT, the PT-CT, the OT-CT regions, in which the peak temperature of the latter 
thermal cycle is above the Ac3 temperature, leading to a PAG size of approximately 50 μm 
accompanied by a complete dissolution of secondary precipitate particles. In general, these 
regions may be simply classified as a ‘CT’ region because the microstructure is dominated by 
the CT thermal cycle.  
ii) The CT-PT, the PT-PT, the OT-PT regions, in which the peak temperature of the second 
thermal cycle is between the Ac1 and the Ac3 temperatures, leading to a refined grain 
structure composed of PAGs with a size < 20 μm and the presence of un-dissolved precipitate 
particles 
iii) The CT-OT, the PT-OT, the OT-OT regions, where the peak temperature of the later 
thermal cycle is below the Ac1 temperature, leading to a decrease in hardness and the 
coarsening of pre-existing M23C6 carbides.  
This chapter has therefore devised a classification for the microstructure in as-fabricated 
Grade 92 steel welds, allowing the microstructure in these welds after PWHT to be further 
investigated, which is described in the next chapter. 
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CHAPTER 7 MICROSTRUCTURAL CHARACTERISATION IN THE 
HEAT AFFECTED ZONES OF MULTI-PASS GRADE 92 STEEL 
WELDS AFTER POST WELD HEAT TREATMENT 
7.1 Introduction 
In Chapters 5 and 6, the microstructures in the HAZs of as-fabricated single-pass and multi-
pass Grade 92 steel welds have been defined based on thermal gradients in the HAZ during 
welding process. In this chapter, the microstructural evolution in the HAZ of multi-pass 
Grade 92 steel weld during the subsequent PWHT process has been studied.  
Simulated materials that possess identical microstructural characteristics as the HAZ of 
multi-pass welds have firstly been produced by exposing parent metals to well controlled 
dilatometry thermal cycles that simulate thermal cycles during welding and PWHT processes 
(as described in Chapter 3). A PWHT has also been conducted on as-fabricated multi-pass 
Grade 92 steel welds at different temperatures in order to determine the effect of PWHT 
conditions on microstructure. The microstructures in the simulated materials and the weld 
HAZ have then been extensively investigated using hardness tests (Section 7.3), EBSD 
(Section 7.4), Ion beam induced SE imaging and EDX (Section 7.5).  
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7.2 Materials and samples 
Cross-weld specimens that include both the HAZ and the weld metal were obtained from a 
thick-section steam pipe made from Grade 92 steel. The chemical composition of the parent 
metal from the pipe was experimentally measured by using inductively coupled plasma 
optical emission spectrometry (ICP-OE) and inductively coupled plasma mass spectrometry 
(ICP-MS), as shown in Table 3.5. The weld in the Grade 92 steam pipe was fabricated by 
using a standard multi-pass submerged arc welding (SAW) process for industrial applications.  
After the welding stage, quadrants from the weld were post weld heat treated at conditions 
that were close to the limits defined in applicable codes. Quadrants were thus heat treated at 
either 732°C or 760°C for 2 hours. Cross-weld samples were then machined from the post 
weld heat treated quadrants. The cross-weld samples were identified for the PWHT 
temperature used as ‘WA’ for 732°C and ‘WB’ for 760°C. The gauge portion is 60 mm in 
both length and width and 9 mm in thickness.  
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The simulations of PWHT were performed on the samples that were exposed to the 
simulations of weld thermal cycles. Details of the simulations of weld thermal cycles have 
been introduced in Chapter 3. These simulated samples were obtained from the steam pipes 
provided by the same manufacturer. The simulations of PWHT were performed at 732°C and 
760°C for a time period of 2 hours after these samples were exposed to the simulated weld 
thermal cycles with a peak temperature of 1250°C and 1000°C. 
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7.3 Hardness mapping analyses 
The variation of hardness in the HAZ of multi-pass Grade 92 steel welds was characterised 
by using hardness mapping analyses after PWHT. Figure 7.1 shows the hardness maps that 
were obtained from a multi-pass Grade 92 steel welds after being exposed to PWHTs at 
732°C and 760°C. 
After a PWHT process at 732°C, the weld metal in the multi-pass weld shows a hardness of 
310 - 350 HV0.2, whereas the hardness in the HAZ decreases from over 370 HV0.2 to 210 
HV0.2 as the distance from the weld line increases. After a PWHT process at 760°C, the weld 
metal in the multi-pass weld shows a hardness of 250 - 290 HV0.2, whereas the hardness in 
the HAZ decreases from 330 HV0.2 to less than 210 HV0.2 as the distance from the weld line 
increases.  
 
Figure 7.1. Hardness maps showing the variation of hardness in the weld metal, the HAZ and the parent 
metal of the multi-pass welds on a Grade 92 steam pipe after being post weld heat treated at (a) 732°C 
and (b) 760°C. The solid lines indicate the locations of weld lines. 
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7.4 EBSD grain structure analyses 
The grain structure in the HAZ of multi-pass Grade 92 steel welds was characterised by using 
EBSD after PWHT. Figure 7.2 shows a large-scale montage of EBSD grain orientation maps 
showing an overview of microstructure in the HAZ sample that was post weld heat treated at 
a temperature of 732°C.  
The grain structure in the HAZ of the post weld heat treated multi-pass Grade 92 steel weld 
sample was further analysed using EBSD at higher magnifications. Figure 7.3 shows the 
overlaid images of EBSD grain orientation and EBSD image quality maps that were obtained 
at a step size of 1 μm. 
In the parent metal, the grain structure in the regions with a distance of less than 2.2 mm from 
the weld line was found to be finer than the original matrix of the parent metal (Figure 7.2). 
In the regions with a distance of less than 0.6 mm from the weld line, the grain structure was 
found to be predominantly composed of the PAGs with a size of approximately 50 μm (e.g. 
Figures 7.3a and 7.3b). In the regions with a distance of 1.1 - 2.2 mm from the weld line, the 
original microstructure of the parent metal was found to be partially re-austenitised, with the 
presence of small PAGs with a size of less than 20 μm observed in the re-austenitised regions 
(e.g. Figures 7.3c and 7.3d).  
The martensitic substructure in the HAZ was analysed by EBSD at a higher magnification. 
Figure 7.4 shows the overlaid images of EBSD grain orientation and EBSD image quality 
maps that were collected at a step size of 0.1 μm.  
The grain structure in the regions that are less than 0.6 mm from the weld line (e.g. Figure 
7.4a) was found to be predominantly composed of elongated laths with a length of less than 
30 μm. A finer grain structure that is composed of sub-micron grains was observed in the 
regions that are 1.1 - 1.6 mm from the weld line (e.g. Figure 7.4b). In the regions that are 
further away from the weld line in the partially re-austenitised region (e.g. Figure 7.4c), the 
grain structure was found to be composed of the polygonal grains with a size of 
approximately 5 μm and elongated laths with a length of over 10 μm. A tempered martensitic 
microstructure, which is predominantly composed of the elongated laths with a length of over 
20 μm, was observed in the parent metal (e.g. Figure 7.4d). 
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Figure 7.2. A large scale montage of coloured EBSD grain orientation maps showing an overview of microstructure in the weld metal, the HAZ and the parent 
metal of a multi-pass Grade 92 steel weld after being post weld heat treated at 732°C for a time period of 2 hours (i.e. WA). The solid line indicates the position of 
the weld line. 
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Figure 7.3. The overlaid images of the coloured EBSD grain orientation and the grey-scale EBSD image quality maps (a - d) that were collected at a step size of 1 
μm showing the grain structures in the HAZ of a multi-pass SAW weld on a Grade 92 steam pipe after being post weld heat treated at a temperature of 732°C for 2 
hours (i.e. WA). The regions where the EBSD maps were obtained are (a) 0.1 mm, (b) 0.6 mm, (c) 1.1 mm and (d) 2.1 mm from the weld line. The grain boundary 
maps showing the 20° - 50° PAGBs in the identical regions are also included (e - h). 
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Figure 7.4. The overlaid images of the coloured EBSD grain orientation and the grey-scale EBSD image quality maps (a - d) that were collected at a step size of 0.1 
μm showing the grain structures in the HAZ of a multi-pass SAW weld on a Grade 92 steam pipe after being post weld heat treated at a temperature of 732°C for 2 
hours (i.e. WA). The regions where the EBSD maps were obtained are (a) 0.5 mm, (b) 1.6 mm, (c) 2.1 mm and (d) 4.0 mm from the weld line. The grain boundary 
maps showing the 2° - 20° and 50° - 60° substructure boundaries in the identical regions are also included (e - h). 
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The grain structures in the HAZ simulation samples that were exposed to simulated weld 
thermal cycles and the simulated PWHTs were also characterised by EBSD. Figure 7.5 shows 
the EBSD maps that were collected at a step size of 1 μm and 0.1 μm showing the PAG 
structure and the martensitic substructure respectively.  
After the PWHT simulations, the HAZ simulation sample that was exposed to a peak 
temperature of 1250°C was found to have a grain structure consisting of PAGs with a size of 
approximately 50 μm (Figure 7.5a). The martensitic substructure in this sample is 
predominantly composed of elongated laths with a length of approximately 15 μm (Figure 
7.5c). The HAZ simulation sample that was exposed to a peak temperature of 1000°C shows 
a finer PAG structure that is predominantly composed of the PAGs with a size of 
approximately 20 μm after the simulations of PWHT (Figure 7.5b). The martensitic 
substructure in this sample after the simulations of PWHT is composed of polygonal grains 
with a size of less than 5 μm and the elongated laths with a length of approximately 15 μm 
(Figure 7.5d). 
The grain boundary densities in the HAZ simulation samples were quantitatively measured 
from EBSD maps. Figure 7.6 shows the graphs showing the lengths per unit area of the 2° - 
20° and 50° - 60° substructure boundaries and the 20° - 50° PAGB in the HAZ simulation 
samples that were exposed to a temperature of 732°C during simulations of PWHT.  
The average length per unit area of the 2° - 20° and 50° - 60° substructure boundaries in the 
post weld heat treated HAZ simulation sample that was exposed to a peak temperature of 
1250°C and a PWHT temperature of 732°C is similar to the sample that was exposed to the 
identical peak temperature and a PWHT temperature of 760°C. The average length per unit 
area of the 2° - 20° and 50° - 60° substructure boundaries in the post weld heat treated HAZ 
simulation sample that was exposed to a peak temperature of 1000°C and a PWHT 
temperature of 732°C is higher than the sample being exposed to the identical peak 
temperature and a PWHT temperature of 760°C. The lengths per unit area of the 20° - 50° 
PAGB in the HAZ simulation samples that were exposed to a peak temperature of 1250°C 
are lower than the ones that were exposed to a peak temperature of 1000°C after simulations 
of PWHT. The lengths per unit area of the 20° - 50° PAGB in the HAZ simulation samples 
that were exposed to the identical peak temperature during simulations of weld thermal cycle 
and different PWHT temperatures are similar. 
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Figure 7.5. The overlaid images of the coloured EBSD grain orientation and the grey-scale EBSD image quality maps that were collected at a step size of (a and b) 1 
μm and (c and d) 0.1 μm showing the PAG structures and the martensitic substructures in the HAZ simulation samples that were exposed to a peak temperature 
of (a and c) 1250°C and (b and d) 1000°C during the simulated weld thermal cycles prior to being exposed to the simulations of PWHT at a temperature of 732°
C for 2 hours. The grain boundary maps showing the (e and f) 20° - 50° PAGB and the (g and h) 2° - 20° and 50° - 60° substructure boundaries in the identical 
samples are also included. 
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Figure 7.6. Graphs showing the lengths per unit area of (a) the 2° - 20°, (b) the 50° - 60°, (c) the 2° - 20° and 50° - 60° and (d) the 20° - 50° boundaries in the HAZ 
simulation samples that were exposed to a peak temperature of 1250°C and 1000°C during simulated weld thermal cycles and simulations of PWHT at 732°C and 
760°C. The boundary density of the 2° - 20° and 50° - 60° substructure boundaries and the 20° - 50° PAGBs were measured from the EBSD maps that were 
obtained at a step size of 0.1 m and 1 μm respectively. Average values and standard deviations of boundary lengths were obtained from 3 measurements per sample. 
The values of standard deviations are indicated by half of the lengths of error bars. 
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7.5 Secondary precipitate analyses 
The distribution characteristics of secondary precipitates in the HAZ of a multi-pass Grade 92 
steel weld that was post weld heat treated at a temperature of 732°C were analysed by using 
ion beam induced SE imaging, as shown in Figure 7.7. 
In the region with a distance of 0.1 mm from the weld line, secondary precipitate particles 
were found to be predominantly at a size of less than 200 nm (Figure 7.7a), whereas the 
presence of secondary precipitate particles with a size of over 500 nm was observed in the 
region with a distance of 1.6 mm from the weld line (Figure 7.7b). The distribution 
characteristics of secondary precipitates in the regions with a distance of over 2.1 mm (Figure 
7.7c) from the weld line are similar to that in the parent metal (Figure 7.7d). 
The relationship between secondary precipitate particles and the surrounding grain structure 
was characterised by using a combined EBSD and ion beam induced SE imaging method. 
Figure 7.8 shows the EBSD grain boundary maps and the ion beam induced SE micrographs 
that were collected from the identical regions in the HAZ of a multi-pass Grade 92 steel weld 
after being post weld heat treated at a temperature of 732°C. 
The secondary precipitate particles in the regions with a distance of 0.1 mm from the weld 
line were found to be predominantly distributed on lath and grain boundaries (Figures 7.9a - 
7.9c). In the region with a distance of 1.6 mm from the weld line, the secondary precipitate 
particles showing a larger size of over 500 nm were found to be distributed on lath and grain 
boundaries, whereas some of the particles showing a smaller size of less than 200 nm are not 
distributed on lath and grain boundaries (e.g. the ‘lines’ of particles as indicated by dash lines 
in Figures 7.9d - 7.9f). 
The distribution characteristics of secondary precipitates in the HAZ simulation samples were 
quantitatively studied after simulations of PWHT by using ion beam induced SE imaging. 
Figure 7.9 shows the graphs showing the average number per unit area and average size of 
precipitate particles in the HAZ simulations samples that were exposed to different 
temperatures during the simulations of PWHT. Figure 7.10 shows the size distributions of 
secondary precipitate particles in the identical samples.  
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Figure 7.7. The ion beam induced SE micrographs that were collected from the regions with a distance of (a) 0.1 mm, (b) 1.6 mm, (c) 2.6 mm and (d) 4.0 mm from 
the weld line in the HAZ of a multi-pass Grade 92 steel weld after being post weld heat treated at 732°C for 2 hours. 
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Figure 7.8. The EBSD grain boundary maps (a and d) and the ion beam induced secondary electron micrographs (b, c, e and f) that were collected from the regions 
with a distance of (a - c) 0.1 mm and (d - f) 1.6 mm in the HAZ of a multi-pass Grade 92 steel weld after being post weld heat treated at 732°C for 2 hours.  The ion 
beam induced secondary electron micrographs were collected at different ion doses to visualise the grain structure (b and e) and the secondary precipitate particles 
(c and f). The grain boundaries in (a) and (d) are presented in different colours according to boundary misorientations. The dash lines and the arrows in (d - f) 
indicate the positions of ‘lines’ of secondary precipitate particles that are not distributed on the detected boundaries and the particles showing a larger size 
respectively. 
(a) (b) (c) 
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Figure 7.9. (a) The average number per unit area and (b) the average size of secondary precipitate particles in the HAZ simulation samples that were exposed to a 
peak temperature of 1250°C and 1000°C during weld thermal cycle simulations prior to the simulations of PWHT at 732°C and 760°C. The average values and the 
standard deviations of each sample were obtained from 9 measurements. The values of standard deviations are indicated by half of the lengths of error bars. 
 
Figure 7.10. The size distribution of secondary precipitate particles in the HAZ simulation samples that were exposed to a peak temperature of (a) 1250°C and (b) 
1000°C during the simulations of weld thermal cycles prior to the simulations of PWHT at 732°C and 760°C.  
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The numbers per unit area of secondary precipitate particles in the HAZ simulation samples 
that were exposed to a peak temperature of 1250°C during weld thermal cycle simulations are 
higher than the samples that were exposed to a peak temperature of 1000°C after simulations 
of PWHT (Figure 7.9a). The average numbers per unit area of secondary precipitate particles 
in the HAZ simulation samples that were exposed to a temperature of 732°C during 
simulations of PWHT are higher than the samples that were post weld heat treated at 760°C 
(Figure 7.9a). The average sizes of particles in the HAZ simulation samples that were post 
weld heat treated at 732°C are smaller than the samples that were post weld heat treated at 
760°C (Figure 7.9b). The number fractions of the particles with a size of less than 0.1 μm in 
the HAZ simulation samples that were post weld heat treated at 732°C are higher than the 
samples that were post weld heat treated at 760°C, whereas the number fractions of the 
particles with a size of 0.2 - 0.4 μm in the samples that were post weld heat treated at 760°C 
are higher (Figure 7.10). The number fractions of the particles with a size of approximately  
0.1 μm were found to be the highest in the HAZ simulation samples that were exposed to a 
peak temperature of 1250°C during simulations of weld thermal cycles (Figure 7.10a), 
whereas the number fractions of the particles with a size of approximately 0.5 μm were found 
to be the highest in the HAZ simulation samples that were exposed to a peak temperature of 
1000°C (Figure 7.10b). 
The relationship between secondary precipitate particles and the surrounding grain boundary 
was analysed by using a combined method of EBSD and ion beam induced SE imaging. 
Figure 7.11 shows the EBSD grain boundary map and the ion beam induced SE micrographs 
that were collected from the identical regions in the HAZ simulation sample that underwent 
simulations of weld thermal cycles with a peak temperature of 1000°C and PWHT at 760°C. 
It has been observed that the large precipitate particles with a size of over 200 nm are 
distributed on lath and grain boundaries. The precipitate particles showing a size of less than 
100 nm were found to be predominantly distributed on the 20° - 50° PAGBs, whereas some 
of the 2° - 20° and 50° - 60° substructure boundaries were found not to be decorated by 
precipitate particles. 
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Figure 7.11. (a) The EBSD grain boundary maps and (b and c) the ion beam induced secondary electron micrographs that were collected from the HAZ simulation 
sample that were exposed to a peak temperature of 1000°C during simulations of weld thermal cycles and the simulation of PWHT at 760°C. The ion beam induced 
secondary electron micrographs were collected at different ion doses to visualise the grain structure (b) and the secondary precipitate particles (c). The grain 
boundaries in (a) and (d) are presented in different colours according to boundary misorientations.  
(a) (b) (c) 
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Secondary precipitate particles in the post weld heat treated HAZ simulation samples that 
were exposed to a peak temperature of 1250°C during weld thermal cycle simulations were 
extracted by using carbon extraction replicas for chemical and crystallographic analyses. 
Particular attentions were paid to the precipitate particles with a size of less than 100 nm, 
which is expected to be the corresponding size range of the fine MX precipitate particles. 
Figure 7.12 shows the ternary diagrams showing the variation in the chemical composition of 
the secondary precipitates in the post weld heat treated HAZ simulation samples.  
The V-rich precipitate particles were detected on the carbon extraction replicas that were 
obtained from the post weld heat treated HAZ simulation samples. The chemical 
compositions of these V-rich particles are close to the V-rich type MX precipitates that were 
identified in the HAZ simulation samples without being post weld heat treated (Figure 5.20). 
The Nb-rich type MX precipitates were hardly observed in the post weld heat treated HAZ 
simulation samples. The presence of Cr-rich precipitate particles was observed in the HAZ 
simulation sample that was post weld heat treated at 732°C. 
The Cr-rich precipitate particles were both chemically and crystallographically identified. 
Figure 7.13 shows the EDX spectra and the SAEDP that were obtained from a representative 
Cr-rich particle. 
The chemical compositions of the Cr-rich particles were found to be different from the  
Cr-rich M23C6 carbides (Figure 5.16), such that the Fe contents in these Cr-rich particles are 
much lower. The chemical composition and lattice structure of the Cr-rich particles in the 
post weld heat treated HAZ simulation sample are similar to the M2X precipitate particles 
[26]. 
The types of precipitates that were detected in the post weld heat treated HAZ simulation 
samples are summarized in Table 7.1. 
Table 7.1. The types of precipitates in the post weld heat treated HAZ simulation samples 
Sample DS-1250-732 DS-1250-760 
Precipitates M23C6, MX, M2X M23C6, MX 
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Figure 7.12. The ternary diagrams showing the variation of chemical compositions of the particles with a size of less than 200 nm in the HAZ simulation samples 
that were exposed to a peak temperature of 1250°C during simulations of weld thermal cycle followed by simulations of PWHT at (a) 732°C and (b) 760°C. The 
total number of particles that were analysed and presented in (a) and (b) are 84 and 83 respectively.  
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Figure 7.13. (a) The EDX spectrum and (b) the SAEDP that were obtained from a representative Cr-rich particle on the carbon extraction replica from the HAZ 
simulation sample that was exposed to the simulated weld thermal cycle with a peak temperature of 1250°C followed by the simulated PWHT at 732°C.
(a) (b) 
50° 
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7.6 Discussions 
Compared to the as-fabricated weld (Figure 5.2), the hardness in the weld metals and the 
HAZs was decreased during PWHT. The multi-pass weld that was post weld heat treated at a 
higher temperature (i.e. 760°C) is lower than the weld being heat treated at a lower 
temperature (i.e. 732°C). The decreased hardness during PWHT was considered to be mainly 
caused by the recovery of the martensitic microstructure in the as-fabricated weld, which is 
associated with the coarsening of the initial martensitic substructure and a decrease in 
dislocation density [150,168]. The coarsening of secondary precipitates during PWHT can 
also contribute to a decrease in hardness [150]. The hardness in the HAZ and the weld metal 
was found to be decreased more significantly than the parent metal during PWHT, which 
indicates a higher thermal stability of the microstructure in the parent metal than the HAZ 
and the weld metal. 
The PAG structure and the substructure in the weld HAZ were found to be well correlated 
with the post weld heat treated HAZ simulation samples. The PAG structure and the 
substructure in the regions with a distance of less than 0.5 mm from the weld line were found 
to be similar to the HAZ simulation samples that were exposed to a peak temperature of 
1250°C during simulations of weld thermal cycles, whereas the PAG structure and the 
substructure in the regions with a distance of 1.6 mm and 2.1 mm from the weld line were 
found to be similar to the HAZ simulation samples that were exposed to a peak temperature 
of 1000°C. It is thus expected that the HAZ materials in the regions with a distance of 0.5 
mm from the weld line were exposed to a peak temperature of above the Ac3 temperature 
during welding, whereas the regions that are further away from the weld line were exposed to 
a peak temperature of between the Ac1 and the Ac3 temperatures. 
Comparing with the PAG structure in the HAZs of as-fabricated welds (e.g. Figure 6.11), the 
PAG structure in the HAZs of the post weld heat treated welds was not significantly changed. 
The presence of the PAGs with a size of approximately 50 μm was observed in the regions 
with a distance of less than 0.5 mm from the weld line (Figures 7.4a and 7.4b), which is 
consistent with the observed grain structure in the HAZ regions that were exposed to a peak 
temperature of above the Ac3 temperature during welding. In the regions with a distance of 1 
- 2 mm from the weld line, a finer PAG structure that is predominantly composed of the 
PAGs with a size of less than 20 μm was observed (Figures 7.4c and 7.4d), which is similar 
to the grain structure in the regions that were exposed to an intercritical peak temperature of 
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between the Ac1 and the Ac3 temperatures during welding. The lengths per unit area of the 20° 
- 50° PAGB density in the post weld heat treated HAZ simulation samples (Figure 7.6d) were 
found to be similar to the HAZ simulation samples that were not exposed to the simulated 
PWHTs (Figure 5.12d).  
The martensitic substructures in the HAZs of multi-pass welds and the HAZ simulation 
samples were found to be changed during PWHT. The presence of the polygonal subgrains 
was observed in the HAZ regions with a distance of 1 - 2 mm from the weld line of multi-
pass welds after PWHT (Figures 7.5b and 7.5c). Similar observations were also obtained 
from the post weld heat treated HAZ simulation sample that was exposed to a peak 
temperature of 1000°C during simulations of weld thermal cycles (Figure 7.5d). The 
martensitic substructure in the regions with a distance of less than 0.5 mm from the weld line 
in multi-pass welds was found to maintain the lath-like morphology as in the as-fabricated 
state after PWHT (Figure 7.4a), whereas the quantitative analysis of the substructure 
boundary density in the HAZ simulation samples indicate a lower boundary density in the 
samples after being exposed to the simulations of PWHT (Figure 7.6c).  
It has been well known that the recovery of martensitic microstructure normally involves an 
increase in lath width and a decrease in dislocation density [150,168], which leads to the 
coarsening of lath/grain structure and a decrease in boundary density. The presence of the 
polygonal subgrains as has been observed in the weld HAZ and the HAZ simulation samples 
after PWHT has also well reported in the existing work in which the recovered martensitic 
microstructure was investigated [112,169]. The presence of the polygonal subgrains was 
attributed to the thermally/stress activated migration behaviour of dislocations [112].  
The pinning effect of the grain boundary precipitates such as the M23C6 carbides is an 
important strengthening mechanism for Grade 92 steel. It has been reported that the presence 
of these precipitates can effectively improve the stability of the matrix microstructure by 
hindering the migration of boundaries and impeding the interactions between boundaries and 
dislocations [170]. In the post weld heat treated HAZ simulation samples, it has been 
observed that the PAGBs are well protected by grain boundary precipitates, whereas the 
martensitic substructure boundaries within some grains are barely decorated by precipitate 
particles (Figure 7.11). It is thus considered that the relatively stable PAG structure as has 
been observed during PWHT can be attributed to the pinning effects of the precipitate 
particles that are preferentially distributed on PAGBs. Since the substructure boundaries are 
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not as well protected by secondary precipitates as PAGBs, a lower stability of the martensitic 
substructure during PWHT can be expected, as has been observed in the weld HAZ and the 
HAZ simulation samples.  
The preferential distribution of the grain boundary secondary precipitate particles on PAGBs 
may be attributed to the local segregation of the α-stabilising element such as Cr and W on 
these boundaries during the reversed α - γ phase transformation in the heat phase of weld 
thermal cycles [13]. It has been observed that original matrix of the parent metal was re-
austenitised during welding as the peak temperature of weld thermal cycles is higher than the 
Ac1 temperature of the parent metal (e.g. Figure 5.10). During the re-austenisation process of 
the original matrix, the α-stabilising elements such as Cr, W and C are likely to be segregated 
on the boundaries of the newly-formed PAGs since these elements are associated with a 
lower solubility in the γ-Fe phases than the α-Fe phases. Due to high heating and cooling 
rates and short holding time period at peak temperature of weld thermal cycles, the 
distribution of these alloy elements are not likely to be homogenised during the subsequent 
martensitic transformation. The segregations of these alloy elements are likely to promote the 
local formation of the grain boundary precipitate particles such as the M23C6 carbides on 
PAGBs considering that these elements are the predominant constituents in these particles. 
The micro-segregation of the elements such as Cr and C on PAGBs has also been recently 
reported in the microstructure of the simulated Grade 92 HAZ materials [13]. 
The presence of the precipitate particles that are not distributed on the lath and grain 
boundaries was observed in the regions with a distance of 1.6 mm from the weld line in the 
HAZ of the multi-pass weld after PWHT (Figure 7.8). Similar observations were obtained 
from the double-pass HAZ simulation samples without the exposure to PWHTs (Figure 6.8). 
The presence of the secondary precipitate particles that are not distributed on boundaries can 
be attributed to the local segregation of the elements such as Cr and C due to the dissolution 
of the pre-existing precipitate particles on the boundaries that were previously existed in the 
microstructure before being re-austenitised during welding [13].  
The presence of the precipitate particles showing a size of over 500 nm was observed in the 
post weld heat treated HAZ simulation samples that were exposed to a peak temperature of 
1000°C during the simulations of weld thermal cycles. These particles were considered to be 
the un-dissolved precipitate particles that were remained in the microstructure after the 
welding stage, which were subsequently grown to a larger size during PWHT. These large 
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precipitate particles were observed to be associated with lath and grain boundaries both in the 
weld HAZ and the HAZ simulation samples after PWHT (Figures 7.9 and 7.12), which 
suggests that these particles would possibly contribute to the stability of the associated 
boundaries in the early stage of creep [170]. However, it is worth noting that it has been 
reported that the presence of the precipitate particles that grow to an excessively large size 
can be detrimental to the creep performance of welds by acting as preferential locations for 
cavity nucleation [13,167].  
The size distribution of the precipitate particles in the HAZ simulation sample that was 
exposed to a peak temperature of 1000°C during simulations of weld thermal cycles exhibit 
the highest number fraction at a particle size of approximately 0.05 μm, whereas the particles 
in the HAZ simulation sample that was exposed to a peak temperature of 1250°C show the 
highest number fraction at a particle size of approximately 0.1 μm (Figure 7.10). This can be 
attributed to the presence of the un-dissolved precipitate particles in the HAZ simulation 
sample after being exposed to simulated weld thermal cycle with a peak temperature of 
1000°C, which depletes the alloy elements that are available for the further formation of 
precipitates during the subsequent PWHT process [13]. The impeded formation of the grain 
boundary precipitates during PWHT is expected to lead to a less stable microstructure and a 
deteriorated creep resistance since the local grain structure cannot be effectively pinned by 
these precipitate particles. 
The secondary precipitates in the HAZ simulation samples that were post weld heat treated at 
760°C were found to have a lower number per unit area and a larger size than the samples 
that were post weld heat treated at 732°C (Figure 7.9). The relatively coarsened precipitates 
in the HAZ that was exposed to a higher PWHT temperature is expected to result in a 
deteriorated creep resistance as has been extensively reported in literature [114,170,171].  
The boundary density in the post weld heat treated HAZ simulation sample that was exposed 
to a peak temperature of 1000°C was found to be lower after being exposed to a PWHT 
process at 760°C, whereas the boundary densities in the HAZ simulation samples that were 
exposed to a peak temperature of 1250°C are similar between the samples that were post 
weld heat treated at different temperatures (Figure 7.6c). Considering that the substructure in 
the HAZ simulation samples that were exposed to a peak temperature of 1000°C is less stable 
due to a lack of precipitate particles on boundaries, the martensitic substructures in these 
 188 
samples are likely to be more sensitive to PWHT temperature and hence exhibit different 
extents of martensitic recovery under different PWHT temperatures.  
The MX precipitates in the post weld heat treated HAZ simulation samples were found to be 
predominantly of the V-rich type (Figure 7.12), which can be attributed to the preferential 
formation of the V-rich type of MX precipitates in a relatively low temperature regime of 
below 1000°C [61]. The presence of the M2X precipitate particles was observed in the HAZ 
simulation samples after a PWHT process at 732°C. The M2X precipitate particles were 
commonly observed in the 9-12% Cr steels after a tempering process at a low temperature 
[26] and they are considered as metastable phases that are subsequently replaced by the MX 
and the Z phases upon creep exposure [172]. The presence of the M2X precipitates was 
considered to be detrimental for the creep performance of the 9-12% Cr steels since they 
were found to promote the formation of the detrimental Z phases in 12% Cr steel after long-
term creep exposure.  The Z phases were found to be formed either by nucleating on large 
M2X particles [66] or via the diffusion of V and Nb into the M2X particles [67]. The presence 
of the Z phases can consume the MX precipitates and hence lead to a less stable dislocation 
structure [59]. 
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7.7 Conclusions 
During PWHT, the initial martensitic microstructure in the as-fabricated weld recovers, 
which leads to the presence of subgrains and a coarsened substructure in the HAZ. The PAG 
structure in the as-fabricated weld was observed not to change significantly during PWHT.  
The presence of un-dissolved precipitate particles after the welding stage were found to 
impede the formation of precipitate particles on the substructure boundaries in the HAZ 
regions. This was considered to deteriorate creep resistance of the materials that were 
exposed to an intercritical peak temperature of between the Ac1 and the Ac3 temperatures. 
The presence of the M2X precipitates was observed after a PWHT process at 732°C. The 
grain boundary precipitate particles, predominantly the M23C6 carbides, were found to be 
coarsened after a PWHT process at 760°C. A greater extent of martensitic recovery was 
observed in the HAZ simulation sample that was exposed to a higher PWHT temperature.  
Chapters 5-7 have provided a comprehensive and detailed microstructural analysis and 
classification scheme for the effects of welding and PWHT processes on the microstructures 
in Grade 92 steel welds. The subsequent evolution of the microstructure in these welds under 
creep exposure is the subject of detailed investigation discussed in the next chapter.  
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CHAPTER 8 CREEP DAMAGE AND MICROSTRUCTURAL 
ANALYSES IN CREEP EXPOSED GRADE 92 CROSS-WELDS 
8.1 Introduction 
In previous chapters, the microstructures in the HAZs of as-fabricated (Chapters 5 and 6) and 
post weld heat treated (Chapter 7) Grade 92 steel welds have been studied. However, the 
resulting microstructural properties after welding and PWHT processes were not linked with 
the creep performance of these welds. In this chapter, extensive microstructural 
characterisation has been conducted in the HAZs and the weld metals of multi-pass Grade 92 
steel welds after long-term creep exposure to identify critical metallurgical factors that can 
lead to premature creep failure in the HAZ of these welds. 
An overview of the microstructures in crept cross-weld specimens have been firstly obtained 
(Section 8.4), followed by the quantitative analysis of distribution of creep cavities in the 
HAZs and the weld metals of these cross-weld specimens (Section 8.5). The variations of 
hardness (Section 8.6), grain structure (Section 8.7), secondary precipitate particles (Section 
8.8 and 8.10) and inclusions (Section 8.9) in the HAZs and the weld metals have then been 
compared with the distribution of creep cavities to evaluate the effect of these microstructural 
characteristics on the formation of creep damage.  
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8.2 Materials and samples 
The weld specimens being investigated in this study was obtained from the identical multi-
pass SAW weld that were studied and detailed in Chapter 7. The steam pipe in which the 
weld was fabricated was manufactured under typical manufacturing and heat treatment 
conditions to achieve typical chemistry and microstructure of Grade 92 steel. The PWHT of 
the weld was performed under the identical conditions to the weld specimens that have been 
studied and presented in Chapter 7, which is also detailed in Chapter 3.Cross-weld specimens 
have been obtained with their longitudinal direction parallel to the transverse direction of the 
steam pipe (Chapter 3). Creep tests were then conducted on cross-weld specimens under 
conditions of 625°C and 80 MPa. To evaluate microstructural evolution and damage 
accumulation upon creep exposure, creep tests on cross-weld specimens were interrupted at 
approximately 5,000, 8,000 and 11,000 hours prior to rupture.  
The final creep ruptured cross-weld samples were investigated in addition to the cross-weld 
samples that underwent interrupted creep tests. The creep ruptured cross-weld samples were 
obtained from the welds in the Grade 92 steel steam pipes that were fabricated by the same 
manufacturer. The fabrication condition of the welds on these cross-weld specimens has been 
introduced in Chapter 3. Creep tests were then conducted on these cross-weld specimens at 
625°C and 75 MPa till rupture after approximately 15,000 hours.  
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8.3 Creep behaviour of cross-weld samples 
Creep tests were conducted on cross-weld specimens that were obtained from multi-pass 
welds after PWHTs. Figure 8.1 shows the creep strain : time curves of the cross-weld 
specimens that were tested up to 11,000 hours. The longest test was stopped when failure was 
deemed imminent. This judgement was based on EPRI experience with previous cross weld 
samples on 9%Cr tempered martensitic steels [173]. 
 
Figure 8.1. The creep strain : time curves of the cross-weld samples that were obtained from the multi-
pass SAW welds that were post weld heat treated at 732°C (WA) and 760°C (WB) prior to being creep 
tested (Courtesy of J. Siefert and J. Parker from EPRI, USA). Creep tests were conducted at 625°C and 
80 MPa for up to 11,000 hours when interrupted prior to rupture. 
The cross-weld specimen that was PWHTed at 760°C exhibited a higher creep strain rate 
than the specimen that was post weld heat treated at 732°C. This behaviour is consistent with 
the higher temperature providing greater tempering of the microstructure. However, it should 
be emphasized that this effect was minor. Thus, even at interruption of creep test after a test 
time period of 11,000 hours, the specimen that was exposed to a PWHT at a higher 
temperature showed only a slightly higher creep strain. It does not appear that the greater 
degree of PWHT influences creep factors such as time to tertiary creep or time to fracture. 
This is considered evidence that differences in PWHT do not have at least a first order 
influence on creep damage behaviour. 
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8.4 Microstructural overview in creep exposed cross-weld samples 
An overview of the microstructure and creep damage distribution in cross-weld specimens 
was obtained using backscattered electron imaging after creep exposure. Figure 8.2 shows a 
large-scale montage of backscattered electron micrographs showing the entire gauge portions 
of cross-weld specimen after being creep tested for 11,000 hours.  
The parent metal regions in the backscattered electron montages were found to exhibit a 
higher average brightness than that of the weld metal region. The root beads, which are in the 
bottom of the weld, were found to have a similar average brightness to the parent metal 
regions. Such differences in the average brightness levels can be attributed to a difference in 
overall chemical compositions between the parent and the weld metals. The grain structure in 
the parent metal was observed to be coarser than the HAZ regions that are close to the weld 
line, which is consistent with the observations introduced in chapters 6 and 7. Regions 
showing a coarse grain structure that is composed of large elongated grains were observed in 
the weld. The grain structure in the regions between the elongated grains was not clearly 
visible in the overview, but a closer examination of these regions reveals a locally finer grain 
structure, as described in Section 8.7. The elongated coarse grain structure as observed in the 
weld metal was considered to be the initial PAG structure in weld beads upon deposition (i.e. 
corresponding to the ‘cores’ of weld beads), whereas the refined grain structures between 
elongated grains are likely to be formed when the original grain structure in the previously 
solidified weld beads was altered during the subsequent weld thermal cycles upon weld heat 
inputs (i.e. corresponding to the HAZs in the weld metal). In addition, the primary creep 
damage in the cross-weld sample that was post weld heat treated at 732°C was found to be 
located in the HAZ (Figure 8.2a), whereas the primary creep damage in the cross-weld 
sample that was post weld heat treated at 760°C was found in the centre of weld metal, with 
the major crack lying in a direction roughly in parallel to the stack direction of weld beads 
(Figure 8.2b).  
The overview of element distribution in the cross-weld samples was obtained by using large-
scale micro-XRF analyses. Figure 8.3 shows the chemical maps showing the distribution of 
major alloying elements in the parent and the weld metals of cross-weld sample after being 
post weld heat treated at 732°C and creep tested for approximately 11,000 hours. 
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Figure 8.2. Large scale montage of backscattered electron micrographs showing the entire gauge portions of cross-weld samples that were obtained from a multi-
pass SAW welds in a thick-section Grade 92 steam pipe. The cross-weld samples were post weld heat treated at (a) 732°C and (b) 760°C for 2 hours, followed by 
being creep tested at 625 °C and 80 MPa for approximately 11,000 hours. The major creep cracks in the HAZs and the weld metals of the cross-weld samples as 
indicated by the red boxes are shown in (c) and (d). 
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Figure 8.3. Large scale micro-XRF chemical maps showing the distribution of (a and e) Fe, (b and f) Cr, (c and g) W and (d and h) Mo in a cross-weld sample that 
was obtained from a multi-pass SAW weld in a thick-section Grade 92 steam pipe. The cross-weld sample was post weld heat treated at 732°C for 2 hours, followed 
by being creep tested at 625 °C and 80 MPa for approximately 11,000 hours. The red boxes in schematic diagrams show the locations of mapped regions. 
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The average chemical compositions of the parent and the weld metals of the cross-weld 
samples were measured from the obtained micro-XRF spectra. Table 8.1 compares the 
relative concentrations of the major alloying elements between the parent metal, the root 
beads and the fill beads in the mid-thickness of the weld metal in the cross-weld samples that 
were post weld heat treated at 732°C (i.e. WA) and 760°C (i.e. WB) prior to being creep 
tested for 11,000 hours. 
Table 8.1. The relative concentrations of major alloying elements (wt. %) in the parent metal, the root 
beads, and the fills beads in the mid-thickness of the weld metal of the cross-weld samples that were post 
weld heat treated at 732°C and 760°C prior to being creep tested at 625°C and 80 MPa for approximately 
11,000 hours. The concentrations of alloying elements in each of the regions were measured from an area 
with a size of 6 × 2 mm2 by using micro-XRF, balance is Fe. 
Elements 
As-fabricated WA-11000 WB-11000 
Parent 
metal 
Root 
beads 
Fill 
beads 
Parent 
metal 
Root 
beads 
Fill 
beads 
Parent 
metal 
Root 
beads 
Fill 
beads 
V 0.1 0.1 0.1 0.1 0.1 0.1 0.1 0.1 0.1 
Cr 6.2 6.1 6.0 6.3 6.3 6.1 6.1 6.1 6 
Ni 0.4 0.5 0.4 0.4 0.6 0.5 0.4 0.5 0.4 
W 4.8 4.6 0.5 4.7 4.4 0.3 4.8 4.5 0.4 
Mo 3.1 3.1 6.6 2.5 2.4 5.2 3 3 6.7 
 
It has been found that the Fe and Cr in cross-weld samples are homogeneously distributed, 
whereas the distribution of W and Mo in the weld metal is heterogeneous. The content of W 
in the fill beads was found to decrease from the bottom of the weld up to the mid-thickness of 
the weld, whereas the concentration of Mo in the fill beads increases from the bottom of the 
weld up to the mid-thickness. The distribution of Mo and W in the fill beads that are located 
above the mid-thickness up to the weld top was found to be homogeneous. The quantitative 
measurement of contents of alloying elements shows that the W content in the Grade 92 
parent metal is higher than the root and fill beads, whereas the Mo content in the parent metal 
is lower than the fill beads. The concentration of W in root beads is higher than fill beads, 
whereas the concentration of Mo in fill beads is higher than root beads. The heterogeneous 
distribution of W and Mo in the weld metal can thus be attributed to the dilution of the fill 
bead materials by the root bead materials [174], which leads to the gradients in the contents 
of W and Mo from root beads to fill beads. In addition, no significant differences in the 
contents of alloying elements were observed between the cross-weld samples that were 
obtained from the as-fabricated weld and the welds after PWHTs at 732°C and 760°C.  
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8.5 Creep damage evaluation in the creep exposed cross-weld samples  
Creep damage in the creep exposed cross-weld samples was evaluated after the interrupted 
creep tests. The distribution characteristic of creep cavities were quantitatively analysed by 
using backscattered electron imaging in both the HAZs and the weld metals of cross-weld 
samples after being creep tested for 5,000, 8,000 and 11,000 hours.   
8.5.1 Creep damage evaluation in the HAZ 
The distribution of creep cavities in the HAZ of the cross-weld specimens were analysed 
from backscattered electron micrographs. Figure 4 shows the graphs showing the variations 
of number per unit area and size of cavities in the HAZs of cross-weld specimens that were 
creep tested for 5,000 and 11,000 hours.  
After 5,000 hours creep, creep cavities were rarely observed in the regions that are less than 
0.5 mm from the weld line. However, in the regions that are 0.7 mm and 1.2 mm from the 
weld line, creep cavities were found to have a larger size and a higher number per unit area 
than the parent metal. After 11,000 hours creep, the presence of primary creep damage in the 
cross-weld samples was also observed in the regions with a distance of 0.7 mm and 1.2 mm 
from the weld line.  
The distribution characteristics of creep cavities in the HAZs of cross-weld samples were also 
determined from backscattered electron micrographs. Figure 8.5 presents the graphs showing 
the variations in the number per unit area and the size of cavities in the HAZs of the cross-
weld samples that were post weld heat treated at 732°C and 760°C prior to being creep tested 
for 5,000, 8,000 and 11,000 hours.  
Similar extents of creep damage in the HAZs were observed in the cross-weld specimens that 
were creep tested for 5,000 and 8,000 hours. In each case the peak void density was observed 
in the regions that are 1.2 mm from the weld line. This was recorded at about 0.75 – 2.0 mm 
from the weld line. After being creep tested for 11,000 hours, the most significant creep 
damage was observed in the region at 1.1 mm from the weld line, with a local number per 
unit area of cavities at 2503 mm-2 and an average cavity size at 6 µm.   
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Figure 8.4. Backscattered electron micrographs showing the creep cavities and major creep crack in the HAZs of cross-weld samples that were exposed to 
interrupted creep tests with creep time periods of (a – d) 5,000 and (e – h) 11,000 hours. The micrographs were collected in the regions with a distance of (a and e) 
0.2 mm, (b and f) 0.7 mm, (c and g) 1.2 mm and (d and h) 5.0 mm from the weld line.  The cross-weld samples were obtained from multi-pass SAW welds that were 
post weld heat treated at 732°C for 2 hours. The creep tests on cross-weld samples were conducted at 625°C and 80 MPa. The red lines in the insets in (a) and (e) 
indicate the locations where the micrographs were collected. 
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Continued 
 
Figure 8.5. Graphs showing variations in (a, c, e, g, i and k) the number per unit area and (b, d, f, h, j and 
l) the size of creep cavities against the distance from the weld line in the HAZs of cross-weld samples after 
being creep tested for (a – d) 5,000 hours, (e – h) 8,000 hours and (i - l) 11,000 hours. The cross-weld 
samples were obtained from multi-pass SAW welds that were post weld heat treated at (a, b, e, f, i and j) 
732°C and (c, d, g, h, k and l) 760°C for 2 hours. The creep tests on the cross-weld samples were 
conducted at 625°C and 80 MPa. 
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8.5.2 Creep damage evaluation in the weld metal 
The distribution characteristics of creep cavities in the weld metal were quantitatively 
analysed by using backscattered electron imaging. Figure 8.6 shows backscattered electron 
micrographs showing the creep cavities in the weld metal of a cross-weld sample and the 
graphs showing variations in the number per unit area and the size of cavities after 11,000 
hours creep. 
After 11,000 hours creep, the presence of creep cavities was rarely observed in the regions 
close to the cores of weld beads (Figure 8.6a), whereas primary creep damage in the weld 
metal was observed in the overlapped regions between weld beads (Figure 8.6b). Quantitative 
analyses of the cavity distribution show a smaller size and a lower number per unit area of 
cavities in the regions close to the core of weld beads, whereas the cavities in the overlapped 
regions between weld beads were found to have a larger size and a higher number per unit 
area (Figures 8.6c and 8.6d).  
The overall distribution properties of creep cavities in the weld metal were also quantitatively 
characterised by using backscattered electron imaging. The average number per unit area and 
the average size of creep cavities in the weld metals of the cross-weld samples were 
quantitatively measured from randomly selected regions in the cross-weld samples that were 
post weld heat treated at 732°C and 760°C prior to being creep tested for up to 11,000 hours, 
as shown in Figure 8.7.  
The average number per unit area and the average size of creep cavities were not significantly 
changed up to 8,000 hours creep, whereas a higher number per unit area and a larger size of 
cavities were observed after 11,000 hours creep. The numbers per unit area of cavities 
between the cross-weld samples that were exposed to different PWHT temperatures are 
similar after 5,000 hours creep, whereas the average sizes of cavities in the cross-weld 
samples that were exposed to a PWHT temperature of 760°C are larger than the samples that 
were exposed to a PWHT temperature of 732°C after being creep tested for 8,000 and 11,000 
hours. 
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Figure 8.6. (a and b) Backscattered electron micrographs showing creep cavities and a major creep crack in the weld metal of a cross-weld sample that was creep 
tested for approximately 11,000 hours. The graphs showing the variations in (c) the number per unit area and (d) the size of creep cavities in the regions as 
indicated by the red dash line in schematic diagram as shown in (e) are also included. The inset in (e) indicates the region of backscattered electron imaging 
analyses within the entire gauge portion of cross-weld sample. The cross-weld sample was obtained from a multi-pass SAW weld that was post weld heat treated at 
760°C for 2 hours. Creep test was conducted at 625°C and 80 MPa.
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Figure 8.7. (a) Average number per unit area and (b) average size of creep cavities in the weld metals of cross-weld samples that were obtained from multi-pass 
SAW welds after being creep tested for up to 11,000 hoursThe 95% confidence limits of the number per unit area and the size of cavities were obtained from 25 
measurements per sample, which were performed in the randomly selected regions with an interval of at least 0.5 mm between each. The values of margin of error 
are indicated by half of the lengths of error bars. The cross-weld samples were obtained from multi-pass SAW welds that were exposed to a PWHT temperature of 
732°C (WA) and 760°C (WB) prior being creep tested at 625°C and 80 MPa. Creep tests were interrupted at 5,000 hours, 8,000 hours and 11,000 hours. 
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8.6 Relationship between hardness and creep damage accumulation 
The variation of hardness in the HAZ and the weld metal was compared with the distribution 
characteristics of creep damage in creep exposed cross-weld specimens. Figure 8.8 shows the 
hardness maps showing the variation of hardness in these specimens and the graphs 
comparing the variation of hardness in the HAZ with the variation of creep damage in the 
identical regions.  
After being creep tested for 5,000 hours, the hardness in the HAZ varied between 190 HV0.2 
and 300 HV0.2. The regions that exhibit higher number density and larger size of cavities 
were found to have a hardness of 220 - 235 HV0.2 (Figure 8.8a). The hardness in the HAZ of 
the cross-weld specimen that was creep tested for 11,000 hours was observed in a range of 
between less than 195 HV0.2 and 275 HV0.2. The damage susceptible regions in the HAZ were 
found to have the lowest hardness values at 102 HV0.2 after 11,000 hours creep (Figure 8.8b).  
The hardness in the weld metal was also compared with the distribution characteristics of 
creep cavities. Figure 8.9 shows large-scale hardness maps and the graphs showing the 
distribution properties of creep cavities in the weld metal of cross-weld samples that were 
post weld heat treated at 760°C prior to being creep tested for 5,000 and 11,000 hours.  
After a creep test time period of 5,000 hours, the hardness in the weld metal of the cross-weld 
sample that was post weld heat treated at 760°C is in the range of 200 - 245 HV0.2, whereas 
after a creep test time period of 11,000 hours, the hardness in the weld metal is in the range of 
115 - 235 HV0.2. In the weld metal of the cross-weld sample that was creep tested for 5,000 
hours, the hardness in the region that shows a higher number per unit area and a larger size of 
cavities was found to be higher than the region that shows a lesser extent of creep damage 
(Figure 8.9a). After 11,000 hours creep, the hardness in the regions that are close to the major 
creep crack (i.e. correlated with the highest extent of creep damage) was found to be the 
lowest in the weld metal (Figure 8.9b). 
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Figure 8.8. (a and b) Large scale hardness maps showing the variation of hardness in the weld metal, the HAZ and the parent metal of a cross-weld sample that was 
creep tested for (a) 5,000 hours and (b) 11,000 hours. The dash lines in (a) and (b) indicate the location of weld line. The variations of hardness in the regions as 
indicated by the black boxes are compared with the local variations of (c and d) number of cavities per unit area and cavity size (e and f) in the cross-weld samples 
that were creep tested for (c and e) 5,000 hours and (d and f) 11,000 hours respectively. The cross-weld sample was post weld heat treated at 732°C for 2 hours 
prior to being creep tested at 625°C and 80 MPa.  
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Figure 8.9. Large scale hardness maps (a and b) showing the variation of hardness in the weld metal of a cross-weld sample that was creep tested for (a) 5,000 and 
(b) 11,000 hours. The variations of hardness in the particular regions as indicated by the black boxes in (a) and (b) are compared with the local variations of (c and 
d) number of cavities per unit area and (e and f) cavity size in the cross-weld samples that were creep tested for (c and e) 5,000 hours and (d and f) 11,000 hours 
respectively. The cross-weld sample was post weld heat treated at 760°C for 2 hours prior to being creep tested at 625°C and 80 MPa. The average values and 
standard deviations of number per unit area and size of cavities in each region were obtained from 3 measurements that were performed in an area of 256 × 220 
μm2. 
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8.7 Evolution of grain structures in the HAZ and the weld metal during creep 
The evolution of grain structure in creep exposed cross-weld samples was analysed by using 
EBSD. The PAG structure and the martensitic substructure were analysed separately and then 
correlated with the distribution characteristics of creep cavities to investigate the relationship 
between creep damage distribution and the variation of grain structure across the HAZ. The 
samples that underwent interrupted creep tests and the creep ruptured samples were both 
investigated as described in this section. 
8.7.1 Relationship between PAG structure and creep damage accumulation 
The PAG structures in the regions that are close to the rupture surfaces of the creep ruptured 
cross-weld samples (i.e. SAW-RP and SMAW-RP) were analysed by using EBSD. Figure 
8.10 shows large-scale montages of EBSD grain orientation maps showing overview of 
microstructure in the gauge portions of creep ruptured cross-weld samples that were obtained 
from SAW and SMAW welds.  
The grain structure in the regions that are close to the rupture surfaces was also analysed 
using EBSD at a higher magnification. Figure 8.11 shows the EBSD grain boundary maps 
showing detailed PAG structures across the HAZs.  
The rupture surfaces in the ruptured cross-weld samples that were obtained from SAW and 
SMAW welds were found to be both located in the HAZ, which shows a more refined grain 
structure than the parent metal (Figure 8.10). Detailed EBSD analyses in the HAZ of the 
creep ruptured cross-weld samples exhibit the presence of the PAGs with a size of 
approximately 50 μm in the regions that are close from the weld line (Figures 8.11a and 
8.11b), which is similar to the observations from the HAZs in the cross-weld samples that 
were not creep tested (e.g. Figure 6.12a). Towards the rupture surfaces, the PAG structures in 
the regions that are close to the rupture surfaces were found to be composed of the PAGs 
with a size of less than 10 μm, which is similar to the observations from the regions that were 
exposed to an intercritical peak temperature in the HAZ of the cross-weld sample without 
creep exposure (e.g. Figures 6.12b and 6.12c). 
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Figure 8.10. Large-scale montages of EBSD orientation maps showing the overview of microstructure in the gauge portions of creep ruptured cross-weld samples 
that were collected from (a) SAW and (b) SMAW welds. The right ends of montages are rupture surfaces of cross-weld samples. The solid lines indicate the location 
of weld lines. The cross-weld samples were creep tested to rupture at 625°C and 75 MPa after approximately 15,000 hours.  
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Figure 8.11. EBSD grain boundary maps showing the PAG structure in the ruptured cross-weld samples that were obtained from (a – d) an SAW and (e – h) an 
SMAW weld. The regions where the EBSD maps were collected are (a) 0.85 mm, (b) 0.60 mm, (c) 0.35 mm, (d) 0.10 mm, (e) 0.95 mm, (f) 0.70 mm, (g) 0.45 mm and 
(h) 0.20 mm from the rupture surfaces. The cross-weld samples were creep tested to rupture at 625°C and 75 MPa after approximately 15,000 hours. 
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Figure 8.12. (a) A large-scale montage of EBSD grain orientation maps showing the overview of microstructure in the weld metal of the cross-weld sample that was 
creep tested for 11,000 hours. The regions showing different grain structure properties were visualised and are labelled as Regions A, B and C. The dash lines in (a) 
indicates the boundaries of weld beads in the region of analysis. The inset in (a) indicates the region where the montage was obtained from the gauge portion of 
cross-weld sample. The graphs showing (b) the average numbers of cavities per unit area and (c) the average size of cavities in the Regions A, B and C are included 
as well. Average values of number per unit area and size of cavities were obtained from 3 measurements in each region. The cross-weld sample was post weld heat 
treated at 732°C prior to being creep tested at 625°C and 80 MPa.    
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The distribution characteristics of creep cavities in the weld metals of the cross-weld samples 
that were exposed to the interrupted creep tests were correlated with the local PAG structures 
after 11,000 hours creep. Figure 8.12 shows a large-scale montage of EBSD grain orientation 
maps showing the overview of PAG structure and the graphs showing the distribution 
properties of creep cavities in different specific regions. 
Creep damage in the regions showing different grain structure properties was found to be 
varied after 11,000 hours creep. The lowest number per unit area and the smallest size of 
cavities were observed in the regions showing a grain structure that is composed of coarse 
columnar grains with a size of over 100 μm (i.e. Region A). In the regions showing a grain 
structure that is composed of the grains with a size of approximately 50 μm (i.e. Region B), a 
higher number of cavities per unit area was observed. The regions showing a grain structure 
that is composed of the grains with a size of less than 10 μm (i.e. Region C) were observed 
with a higher number per unit area and a larger size of cavities. Comparing with the 
observations from the cross-weld sample that was not exposed to creep test (i.e. Figure 6.15b), 
Region A is corresponding to the ‘cores’ of weld beads that were not significantly affected by 
the heat input during the subsequent weld thermal cycles, whereas Regions B and C are 
corresponding to the weld metal regions that were fully and partially re-austenitised during 
the subsequent weld thermal cycles respectively. 
8.7.2 Evolution of martensitic substructure during creep  
The martensitic substructure in the damage susceptible HAZ region and the parent metal 
during creep was compared before and after creep using EBSD. Figure 8.13 shows the EBSD 
maps that were collected from the HAZ and the parent metal of a post weld heat heated, 
uncrept weld specimen and the cross-weld specimens that were creep tested for 5,000 and 
11,000 hours. Lengths of boundaries per unit area were also quantitatively measured from the 
obtained EBSD maps. These lengths are compared in Table 8.2. 
Table 8.2. Lengths per unit area of the 2° - 20° and 50° - 60° substructure boundaries as quantitatively 
measured from the EBSD grain boundary maps that were obtained from the HAZ. In each specimen, 
measurements of boundary length per unit area were performed on the EBSD grain boundary maps that 
were collected with a step size of 0.1 µm. Each of the EBSD maps was in a size of 50 × 50 µm2. Lengths of 
boundaries as measured from each EBSD map were normalized to a unit area (1 mm2). Average values 
and standard deviations between 3 measurements in each specimen were obtained.  
Creep test time period (h) 0 5,000 11,000 
 HAZ Parent HAZ Parent HAZ Parent 
Length of boundaries per 
unit area (mm/mm2) 2713±46 1607±65 1809±10 1465±29 1496±198 1227±47 
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Figure 8.13. EBSD grain boundary maps showing the martensitic substructure boundary (i.e. 2° - 20° and 50° - 60°) properties in (a – c) the creep damage 
susceptible HAZ regions and (d – f) the parent metal in the post weld heat treated cross-weld samples from (a and d) the uncrept state to after being creep tested 
for (b and e) 5,000 hours and (c and f) 11,000 hours. The cross-weld sample was post weld heat treated at 732°C for 2 hours prior to being creep tested at 625°C and 
80 MPa. The regions where the EBSD maps were obtained are approximately (a – c) 1.5 mm and (d – f) 6.0 mm from the weld line.  
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The martensitic substructure in the damage susceptible HAZ regions of the uncrept weld 
specimen is predominantly composed of the grains with a submicron size (Figure 8.13a). In 
contrast, the average grain and lath sizes in the similar regions in the cross-weld specimens 
that were creep tested for 5,000 and 11,000 hours are increased to 2.9 and 3.9 μm 
respectively (Figures 8.13b and 8.13c). Quantitative measurements of length per unit area of 
substructure boundaries also indicate a faster decreasing rate of substructure boundary 
density in the HAZ region than the parent metal (Table 8.2). The martensitic substructure in 
the parent metal thus appears to be more stable during creep than the damage susceptible 
HAZ region (Figures 8.13d – 8.13f). 
The variation in length of boundaries per unit area was compared with the distribution 
characteristics of creep cavities across the HAZs. Figure 8.14 shows the graphs comparing 
the number per unit area and size of cavities to the lengths of boundaries per unit area in the 
creep exposed cross-weld specimens that were creep tested for 5,000 and 11,000 hours. 
The lengths of boundaries per unit area in the HAZs of creep exposed cross-weld specimens 
are decreased against the distance from the weld line. The regions showing the highest 
numbers of cavities per unit area and the largest sizes of cavities are not the regions showing 
the longest lengths per unit area of lath and grain boundaries. 
The evolution of martensitic substructure in the weld metal during creep was also 
investigated by using EBSD analysis. Figure 8.15 shows the EBSD maps showing the change 
of martensitic substructure in the fine-grain damage susceptible regions and the coarse-grain 
weld bead regions during creep.  
The martensitic substructure in the damage susceptible regions in the weld metal was found 
to be less stable than the coarse-region weld bead regions. The martensitic substructure in the 
damage susceptible region is predominantly composed of the grains with a sub-micron size in 
the sample without creep exposure (Figure 8.15a), whereas the substructure in the coarse-
grain weld bead regions is composed of martensitic laths with a width of approximately 5 μm 
(Figure 8.15d). After 11,000 hours creep, the substructure in the sample that was creep tested 
for 11,000 hours was found to be predominantly composed of the grains with a size of 
approximately 10 μm (Figure 8.15c), whereas the size of the martensitic laths in the coarse-
grain weld bead regions is similar to that in the sample without creep exposure (Figure 8.15f). 
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Figure 8.14. The graphs comparing the length of boundaries per unit area with the number of particles per unit area (a and c) and size of cavities (b and d) across 
the HAZs of cross-weld specimens that were creep tested for 5,000 hours (a and b) and 11,000 hours (c and d). The lengths of boundaries per unit area were 
measured EBSD grain boundary maps, whereas the distribution characteristics of cavities were measured from backscattered electron micrographs. The cross-
weld specimen was post weld heat treated at 732°C for 2 hours prior to being creep tested at 625°C and 80 MPa.  
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Figure 8.15. EBSD grain boundary maps showing the martensitic substructure boundary (i.e. 2° - 20° and 50° - 60°) properties in the fine-grain damage susceptible 
regions (a – c) and the coarse-grain weld bead regions (d – f) in the weld metals of the post weld heat treated cross-weld samples from the uncrept state (a and d) to 
after being creep tested for 5,000 hours (b and e) and 11,000 hours (c and f). The cross-weld sample was post weld heat treated at 760°C for 2 hours prior to being 
creep tested at 625°C and 80 MPa.
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8.8 Influence of the precipitates on creep damage accumulation 
Distribution characteristics of precipitates in the cross-weld samples that were exposed to the 
interrupted creep tests were analysed by using ion beam induced secondary electron imaging 
and backscattered electron imaging. The distribution properties of precipitates were also 
correlated with the local distribution properties of creep cavities to evaluate any influence of 
these precipitates on creep damage accumulation.  
8.8.1 Identification of precipitates 
Precipitates in the HAZs and the parent metals of weld specimens were analysed using 
different imaging and analytical techniques to obtain complementary information for 
precipitate identifications. Figure 8.16 shows backscattered electron (BSE) and ion beam 
induced secondary electron (SE) micrographs that were obtained from the parent metal of a 
cross-weld specimen that was creep tested for 11,000 hours. EDX spectra that were obtained 
from different types of precipitates are also included.  
The precipitates showing different contrast differential to the matrix were observed by using 
backscattered electron imaging and ion beam induced secondary electron imaging. The 
presence of the precipitates that are shown as bright particles were observed in the obtained 
backscattered electron micrograph (Figure 8.16a), whereas the presence of the precipitates 
that are shown as pale grey and dark particles were observed in the obtained ion beam 
induced secondary electron micrograph (Figure 8.16b). EDX analyses show that the bright 
particles in the backscattered electron micrograph and the pale grey particles in the ion beam 
induced secondary electron micrograph are the W-rich Laves phase particles [5], whereas the 
dark particles in the ion beam induced secondary electron imaging are predominantly the Cr-
rich M23C6 carbides [6]. Due to the distinct contrast differentials of the Laves phase and the 
M23C6 carbides to matrix, backscattered electron and ion beam induced secondary electron 
micrographs were used to quantitatively analyse the distribution characteristics of these two 
types of precipitate particles.  
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Figure 8.16. (a) Backscattered electron (BSE) and (b) ion beam induced secondary electron micrographs that were obtained from the parent metal of a cross-weld specimen that was 
creep tested for 11,000 hours. The W-rich Lave phases were observed as bright particles in (a) and pale grey particles in (b) as indicated by arrows. The Cr-rich M23C6 carbides 
were observed as dark particles in (b). EDX spectra that were obtained from (c) the Laves phases and (d) the M23C6 carbides were also obtained from the particles that were 
extracted by using carbon extraction replicas. 
(a) (b) 
(c) (d) 
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Precipitate particles were also extracted using carbon extraction replicas from an uncrept 
weld specimen after a PWHT at 732°C. The particles were chemically and 
crystallographically identified using EDX and SAED. Figure 8.17 shows EDX spectra and 
SAEDPs that were obtained from particular particles of interest.  
The secondary precipitate particles in the carbon extraction replicas are predominantly the 
M23C6 carbides as identified by EDX and SAED. Apart from the relatively large M23C6 
carbides, the presence of fine V-rich and Cr-rich precipitate particles that are normally less 
than 100 nm in size has been observed. The chemical composition (Figure 8.17a) and the 
crystallographic structure (Figure 8.17b) of the V-rich particle are identical to the VN type of 
the MX precipitate [6], whereas the chemistry (Figure 8.17c) and the crystallography (Figure 
8.17d) of the Cr-rich particle are identical to the Cr-rich M2X carbides [7]. The Nb-rich MX 
precipitates were not observed from the carbon extraction replica samples, which can be 
attributed to the fact that the PWHT of cross-weld specimens were not conducted within the 
temperature range that is favoured by the formation of the Nb-rich MX precipitates [8,9]. The 
presence of the M2X precipitates was also considered to be a consequence of the relatively 
low temperature at which PWHT was conducted [7]. 
8.8.2 Influence of the M23C6 carbides on creep damage formation in the HAZ 
The variation of the distribution properties of precipitate particles across the HAZ were 
analysed using ion beam induced secondary electron imaging. Figure 8.18 shows 
micrographs comparing distribution characteristics of precipitate particles in regions that are 
0.1 mm, 1.1 mm and 5 mm from the weld line after being creep tested for 11,000 hours. The 
number per unit area and the size of secondary precipitate particles in the three regions were 
also quantitatively measured from the obtained ion beam induced secondary electron 
micrographs, as compared in Table 8.3. 
It has been observed that secondary precipitate particles, which are mainly the M23C6 
carbides, are predominantly distributed on the lath and grain boundaries. In the regions at 0.1 
mm and 5.0 mm from the weld line, lath and grain boundaries were observed to be well 
decorated by secondary precipitate particles, whereas in the region with a distance of 1.1 mm 
from the weld line, boundaries are not effectively stabilised by secondary precipitate particles 
(Figures 8.18c and 8.18d). Presence of the precipitate particles with excessively large sizes 
was also observed in the region at 1.1 mm from the weld line. Some particles that are 
detached from boundaries were also observed. Quantitative analysis of the distribution 
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characteristics of precipitate particles shows a lower number per unit area and a larger size of 
particles in the region at 1.1 mm from the weld line (Table 8.3). 
Table 8.3. The number per unit area and the size of precipitate particles in the regions that are 0.1 mm, 
1.1 mm and 5.0 mm from the weld line in a cross-weld specimen that was creep tested for 11,000 hours. 
The number per unit area and the size of particles were measured from ion beam induced secondary 
electron micrographs (12 × 11 µm2). The particles that are shown in the micrographs are predominantly 
the M23C6 carbides. In each of the micrographs over 100 particles were imaged and analysed. Number of 
precipitate particles were measured from the obtained micrographs and then normalised to a unit area of 
1 × 1 mm2.  The size of particles were also quantitatively analysed, with the 95% confidence limites 
calculated. 
 
The distribution of the M23C6 carbides on local grain boundaries were compared with local 
cavity distribution properties in the HAZs of creep exposed cross-weld specimens to 
investigate the influence of the M23C6 carbides on cavity formation. Figure 8.19 shows the 
graphs comparing the variation of size of cavities with the number of the M23C6 carbides 
particles per unit length of substructure boundaries.   
It has been observed that in the damage susceptible regions that show a larger size of cavities 
(e.g. 1 - 3 mm from the weld line) after 5,000 hours creep, the numbers of the M23C6 carbides 
particles per unit length of boundaries are significantly lower than the regions showing a 
smaller size of cavities (e.g. over 3 mm from the weld line). In the cross-weld specimen that 
was creep tested for 11,000 hours, the relationship between distribution of creep cavities and 
the M23C6 carbides is more evident. The regions showing the lowest number of the M23C6 
carbides particles per unit length of substructure boundary present the highest extent of creep 
damage.  
 
 
Distance from the weld line (mm) 0.1 1.1 5.0 
Number of particles per unit area (/mm2) 1,761,364 845,170 1,534,091 
Size of particles (µm) 0.18 ± 0.01 0.23 ± 0.04 0.17±0.02 
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Figure 8.17. EDX spectra and SAEDPs that were collected from (a and b) the MX and (c and d) the M2X precipitates that were collected using carbon extraction replica from the 
HAZ of an uncrept weld specimen after a PWHT at 732°C for 2 hours. 
(a) (b) 
(c) (d) 
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Figure 8.18. Ion beam induced secondary electron micrographs showing the M23C6 carbides in the HAZ and the parent 
metal of the cross-weld sample that was creep tested for 11,000 hours. Ion beam induced secondary electron micrographs 
were collected with different doses to visualise (a, c, and e) grain structure and (b, d and f) precipitates. The regions where 
the micrographs were collected are (a and b) 0.1 mm, (c and d) 1.1 mm and (e and f) 5.0 mm from the weld line. The cross-
weld sample was post weld heat treated at 732°C for 2 hours prior to being creep tested at 625°C and 80 MPa. The 
particles showing a pale grey appearance, as indicated by the yellow arrows, are the Laves phase particles. 
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Figure 8.19. The graphs comparing the number of the M23C6 carbides particles per unit length of boundaries with the size of cavities across the HAZs of cross-weld 
specimens that were creep tested for (a) 5,000 hours and (b) 11,000 hours. The number of the M23C6 carbides particles and the lengths of the 2° - 20° and 50° - 60° 
martensitic substructure boundaries were measured from ion beam induced secondary electron micrographs and EBSD grain boundary maps respectively. The ion 
beam induced secondary electron micrographs were collected from the regions with sizes of 12.8 × 11.0 µm2, whereas EBSD maps were collected from the regions 
with sizes of 50 × 50 µm2. Numbers of the M23C6 carbides as measured from ion beam induced secondary electron micrographs were normalised to by a ratio of 50 
× 50 / 12.8 / 11 (~17.8) then divided by the length of boundaries.  
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8.8.3 Influence of the M23C6 carbides on creep damage formation in the weld metal 
The distribution properties of the M23C6 carbides in the weld metal were analysed by using 
ion beam induced secondary electron imaging and correlated with the local lath and grain 
boundary properties by using EBSD. Figure 8.20 shows the EBSD grain boundary maps and 
the ion beam induced secondary electron micrographs that were collected from the identical 
regions in the weld metal of the cross-weld sample that was creep tested for 11,000 hours. 
In the coarse-grain weld bead region, both the 20° - 50° PAGBs and the 2° - 20° and 50° - 60° 
substructure boundaries were found to be decorated by the M23C6 carbides (Figures 8.20a and 
8.20b). In the fine-grain damage susceptible regions in the weld metal, the M23C6 carbides 
were found to be preferentially formed on the 20° - 50° PAGBs, whereas the 2° - 20° and 50° 
- 60° substructure boundaries are barely decorated by precipitates (Figures 8.20c and 8.20d). 
The distribution characteristics of the M23C6 carbides particles in the weld metal were 
quantitatively analysed from ion beam induced secondary electron micrographs. Figure 8.21 
illustrates graphs showing the average number per unit area and the average size of the M23C6 
carbides in the weld metals of creep exposed cross-weld samples.  
The presence of Laves phases, the M23C6 carbides and the Si-rich particles was observed ion 
beam induced secondary electron micrographs. The number per unit area of the M23C6 
carbides particles in the weld metals of creep exposed cross-weld samples was found to 
decrease as the creep test time period increases from 5,000 hours to 11,000 hours, whereas 
the average size of the M23C6 carbides particles increases against creep test time period. 
Compared to the cross-weld sample that was post weld heat treated at 732°C, the M23C6 
carbides particles in the weld metal of the cross-weld sample that was post weld heat treated 
at 760°C were found to have a lower number per unit area and a larger size. 
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Figure 8.20. EBSD grain boundary maps (a and c) and the montages of ion beam induced secondary 
electron micrographs (b and d) showing the grain boundary properties and the distribution of secondary 
precipitates in the weld metal after 11,000 hours creep. The regions where the maps and micrographs 
were collected are from the (a and b) coarse-grain weld bead region and (c and d) the fine-grain damage 
susceptible region in the weld metal. The boundaries that were detected in the EBSD maps are designated 
in different colours according to boundary misorientations. The round-shape Si-rich particles and the 
Laves phase particles in the weld metal are indicated by the red and the yellow arrows respectively in (b) 
and (d), with the rest of the particles predominantly the M23C6 carbides.
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Figure 8.21. The graphs showing (a) the average number per unit area and (b) the average size of the M23C6 carbides particles in the weld metals of the cross-weld 
samples that were post weld heat treated at 732°C and 760°C prior to being creep tested at 625°C and 80 MPa for up to 11,000 hours. The average values and the 
standard deviations of the number per unit area and the size of particles were obtained from 25 micrographs that were collected from the randomly selected 
regions in the weld metal of each sample. The values of standard deviations are indicated by half of the lengths of error bars.
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The cavity distribution properties in the weld metals of creep exposed cross-weld samples 
were investigated by using secondary electron imaging on the etched surfaces. The 
relationship between creep cavities and the surrounding grain boundary properties was also 
analysed by using EBSD. Figure 8.22 shows the secondary electron micrographs and the 
EBSD grain boundary map that were collected from the weld metal of the cross-weld sample 
that was creep tested for 5,000 hours.  
The creep cavities in the weld metal were found to be preferentially formed on the boundaries 
that are well decorated by secondary precipitate particles (Figures 8.22a and 8.22b). The 
misorientations of these boundaries on which creep cavities are formed are in the range of 20° 
- 50° (Figure 8.22c), which indicates that these boundaries are the PAGBs.   
The distribution properties of creep cavities in the weld metals of creep exposed cross-weld 
samples were also quantitatively compared with the local distribution characteristics of the 
M23C6 carbides. Figure 8.23 shows the graphs showing the number per unit area of the M23C6 
carbides per unit length of boundaries and the distribution properties of creep cavities in the 
different regions of the weld metal. 
The M23C6 carbides on the 2° - 20° and 50° - 60° substructure boundaries in the fine-grain 
damage susceptible regions in the weld metal were found to have a lower number per unit 
area (Figure 8.23a) than the coarse-grain weld bead regions, which were found to have a 
higher number of cavities per unit area and a larger size of cavities.  The M23C6 carbides on 
the 20° - 50° PAGBs in the regions that are susceptible to creep damage were found to have a 
higher number per unit length of PAGBs and a larger size than the coarse-grain weld bead 
region (Figures 8.23c and 8.23d).  
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Figure 8.22. The secondary electron micrographs that were collected from the etched surfaces (a and b) and the EBSD grain boundary map (c) showing the 
relationship between creep cavities and the surrounding grain structure and particle distribution characteristics in weld metal of a creep exposed cross-weld 
sample. The cavities and the Si-rich particles in the weld metal are indicated by the red and the yellow arrows respectively in (a) and (b). The lath and grain 
boundaries in (c) are denoted in different colours according to boundary misorientation. The cross-weld sample was post weld heat treated at 732°C for 2 hours 
prior to being creep tested at 625°C and 80 MPa for 5,000 hours. 
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Figure 8.23. Graphs showing (a and c) the numbers per unit area and (b and d) the average sizes of the 
M23C6 carbides particles on (a and b) the substructure boundaries and (c and d) the PAGBs in the coarse-
grain weld bead and the fine-grain damage susceptible regions in the weld metal. The graphs showing the 
number per unit area (e) and the average size (f) of cavities in the identical regions are included as well. 
The average values and the standard deviations of the M23C6 carbides particles were obtained from over 
1000 particles per sample. The average value and the standard deviation of creep cavities were obtained 
from 3 measurements that were performed in an area of 256 × 220 mm2 in each region. 
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8.8.4 Distribution of the Laves in creep exposed cross-weld samples  
The distribution characteristics of Laves phase particles across the HAZ were investigated by 
using backscattered electron imaging. Figure 8.24 shows the backscattered electron 
micrographs that compare the distribution characteristics of the Laves phase particles in the 
HAZ and the parent metal of a cross-weld specimen after being creep tested for 11,000 hours.  
Table 8.4.  The number per unit area and the size of the Laves phase particles in the regions that are 0.1 
mm, 1.1 mm and 5.0 mm from the weld line in a cross-weld specimen that was creep tested for 11,000 
hours. The number per unit area and the size of particles were measured from backscattered electron 
micrographs (64 × 55 µm2). In each of the micrographs over 900 particles were imaged and analysed. 
Number of precipitate particles were measured from the obtained micrographs and then normalised to a 
unit area of 1 × 1 mm2. The size of particles was also quantitatively analysed, with the 95% confidence 
limit calculated. 
 
The Laves phase particles were found to be preferentially distributed on lath and grain 
boundaries, which is consistent with the observations in existing works [127]. The number 
per unit area of the Laves phase particles, thus, was considered to be affected by the 
characteristics of local grain structures. The average size of the Laves phase particles was 
found to be smaller in the damage susceptible HAZ region (i.e. the region at 1.1 mm from the 
weld line) than the other regions showing less creep damage (Table 8.4).  
Distance from the weld line (mm) 0.1 1.1 5.0 
Number of particles (mm-2) 261080 361080 330682 
Size (µm) 0.44±0.015 0.38±0.013 0.44±0.013 
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Figure 8.24. Backscattered electron micrographs showing the Laves phase particles in the regions at (a) 0.1 mm, (b) 1.1 mm and (c) 5.0 mm from the weld line of a 
cross-weld specimen that was creep tested for 11,000 hours. The Laves phase particles are appeared as bright particles in the obtained backscattered electron 
micrographs. The presence of creep cavities was observed in the micrograph that was obtained from the region with a distance of 1.1 mm from the weld line (b). 
The cavities were masked off by rectangular black patches to be excluded from the quantitative analyses of Laves phase particles. 
 
(a) (b) (c) 
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8.9 Influence of inclusion particles on creep cavity formation 
The relationship between creep cavities and inclusion particles was analysed by using EDX 
in the HAZs of creep exposed cross-weld samples. Figure 8.25 shows the EDX spectra that 
were obtained from the cavities in the HAZs of the cross-weld sample that was creep tested 
for 11,000 hours.  
Cavities in the HAZ of creep exposed cross-weld specimen were found to be closely 
associated with inclusion particles. The inclusion particles that are associated with creep 
cavities were identified by EDX as the Al2O3, MnS and BN inclusions, which is consistent 
with the observations in existing works [154]. 
The subsurface cavities in the HAZ of a cross-weld sample that was creep tested for 5,000 
hours were cross-sectioned using a focused ion beam and analysed using secondary electron 
imaging, so that there was no influence of a conventional metallographic procedure. Figure 
8.26 shows secondary electron micrographs that were collected from micro-cross-sections of 
4 subsurface creep cavities in the damage susceptible regions in the HAZ. 
In the HAZ of the cross-weld sample that was creep tested for 5,000 hours, all of the 4 
subsurface cavities that were analysed were found to be associated with BN inclusion 
particles, which indicates that the BN inclusion particles are the preferential location for 
cavity formation. 
Subsurface inclusion particles in the HAZ of an uncrept weld specimen were analysed using 
secondary electron imaging with the assistance of a focused ion beam. Figure 8.27 shows the 
secondary electron micrographs that were collected from the micro-cross-sections of 
subsurface inclusion particles in the regions with different distances from the weld line. An 
EDX spectrum that was obtained from the inclusion particles being analysed is also included. 
It has been observed that the BN inclusion particles are associated with pre-existing pores 
prior to creep tests. These pores were mainly distributed between the BN inclusion particles 
and the surrounding matrix and they were commonly found to have an irregular shape. The 
pores around the BN inclusion particles that are approximately 0.4 mm from the weld line are 
relatively larger in size and round in shape (Figure 8.27a). The angular pores around the BN 
inclusion particles that are approximately 0.65 mm and 1.5 mm from the weld line (Figures 
8.27b and 8.27c) are similar in size and shape to the pores around a BN inclusion particle in 
the parent metal, which is 5 mm from the weld line (Figure 8.27d).   
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Figure 8.25. Backscattered electron (a) and in-lens secondary electron (b) micrographs showing the cavities that are associated with inclusion particles in the HAZ of a cross-weld 
specimen after being creep tested for 11,000 hours. The EDX spectra that were collected from the particles as indicated in (a) and (b) are shown in (c – e). The cross-weld specimen 
was post weld heat treated at 732°C for 2 hours prior to being creep tested at 625°C and 80 MPa. 
(a) (b) 
(c) (d) (e) 
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Figure 8.26. Secondary electron micrographs that were collected from the micro-cross-sections of 4 subsurface creep 
cavities in the HAZ of a cross-weld specimen that was creep tested for 5,000 hours. Red circles indicate the BN inclusion 
particles that are associated with creep cavities. The cross-weld specimen was obtained from a multi-pass weld on a thick-
section Grade 92 steam pipe. The weld was exposed to a PWHT at 732°C for 2 hours prior to being creep tested at 625°C 
and 80 MPa.  
(c) 
(a) (b) 
(d) 
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Figure 8.27. Secondary electron micrographs (a – d) that were collected from the micro-cross-sections of subsurface BN 
inclusion particles in the HAZ of an uncrept cross-weld sample from the regions with various distances from the weld line. 
The distances between the BN particles being analysed and the weld line are (a) 0.4 mm, (b) 0.65 mm and (c) 1.5mm. The 
PWHT on the cross-weld sample was performed at 732°C for 2 hours. A representative EDX spectrum that was collected 
from a BN inclusion particle is included as shown in (d). 
(c) (d) 
(b) (a) 
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The distribution characteristics of the BN inclusion particles in the HAZ and the parent metal 
of an uncrept weld specimen were quantitatively analysed. Figure 8.28 compares the number 
per unit area and size of BN inclusion particles between the regions in the HAZ and the 
parent metal. 
 
Figure 8.28. The graphs comparing (a) the average number per unit area and (b) the average size of BN 
inclusion particles between the regions in the HAZ and the parent metal of an uncrept weld specimen. 
Average values and standard deviations of the number per unit area and size of BN inclusion particles 
were obtained from 20 backscattered electron micrographs that were collected from the regions at 1.5 
mm and 5.0 mm from the weld line for the quantification in the HAZ and the parent metal respectively. 
Each micrograph was collected in a size of 256 × 220 µm2.The values of standard deviation are indicated 
by half of the lengths of error bars. The weld specimen was post weld heat treated at 732°C for 2 hours.  
The average number per unit area of BN inclusion particles is lower in the HAZ than the 
parent metal, whereas the average size of BN particles was found to be larger in the HAZ. 
The standard deviations between the measurements in both the HAZ and the parent metal are 
high. Taking into account the high deviations between measurements, the distribution 
properties of the BN inclusion particles are not significantly different between the HAZ and 
the parent metal.  
 
(a) 
(b) 
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8.10 Evolution of the MX and the M2X precipitates during creep 
The MX and the M2X fine precipitates in the weld metal were analysed by using EDX and 
SAED prior to creep testing. Figure 8.29 shows the representative EDX spectra and SAEDP 
that were collected from the MX and the M2X precipitate particles in the weld metal of the 
cross-weld sample that was not creep tested. 
In the weld metal of the cross-weld sample that was post weld heat treated at 732°C, the 
presence of both MX and M2X precipitates was observed prior to creep test.  
The chemical variation of the fine precipitates with a size of less than 100 nm was 
characterised by using EDX prior to creep test. Figure 8.30 shows the ternary diagrams 
showing the chemical variation of the fine precipitates in the weld metals of the cross-weld 
samples that were post weld heat treated at 732°C and 760°C.  
The fine precipitates in the weld metal of the cross-weld sample that was post weld heat 
treated at 732°C were found to be predominantly the V-rich MX and the Cr-rich M2X 
precipitates (Figure 8.30a), whereas the presence of the Cr-rich M2X precipitates was not 
observed in the cross-weld sample that was post weld heat treated at 760°C (Figure 8.30b). 
The sizes of the M2X precipitates in the cross-weld sample that was post weld heat treated at 
732°C are not significantly different from the V-rich MX precipitates in the identical sample.  
The chemical variation of the fine precipitates with a size of less than 160 nm was analysed 
by using EDX in the weld metals of creep exposed cross-weld samples. Figure 8.31 shows 
the ternary diagrams showing the chemical variation of the fine precipitates in the weld 
metals of the cross-weld sample that was creep tested for 11,000 hours. 
After 11,000 hours creep, the presence of the Cr-rich M2X precipitates was not observed in 
the weld metal, whereas the presence of the V-rich MX precipitates were observed in the 
weld metals of the cross-weld samples that were post weld heat treated at 732°C and 760°C. 
The presence of precipitate particles with a Cr content at 40 – 50 wt. % was observed in the 
weld metal of the cross-weld sample that was post weld heat treated at 732°C prior to creep 
test. These relatively Cr-rich particles were found to have a size of less than 60 nm (i.e. in 
most cases less than 30 nm), making them difficult to be crystallographically identified. In 
addition, it is worth noting that the particles that were found to have a relatively large size of 
over 60 nm in the weld metals of creep exposed cross-weld samples are predominantly the V-
rich MX precipitates.   
 
 
237 
 
Figure 8.29. Representative EDX spectra (a and b) and SAEDPs (c and d) that were collected from (a and c) the MX and (b and d) the M2X precipitates in the weld 
metal of a cross-weld sample prior to creep test. The cross-weld sample was post weld heat treated at 732°C for 2 hours. 
(b) (a) 
(c) (d) 
45° 
45° 40° 
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Figure 8.30. The ternary diagrams showing the chemical variation of the MX and the M2X fine precipitates in the weld metals of the cross-weld samples that were 
post weld heat treated at (a – d) 732°C and (e – h) 760°C prior to creep test. The chemistries of the particles showing a size of (b and f) less than 30 nm, (c and g) 30 
– 60 nm and (d and h) over 60 nm are also shown in separate diagrams. 
(c) (a) (b) (d) 
(e) (f) (g) (h) 
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Figure 8.31. The ternary diagrams showing the chemical variation of the MX and the M2X fine precipitates in the weld metals of the cross-weld samples that were 
post weld heat treated at (a – d) 732°C and (e – h) 760°C prior to being creep tested for 11,000 hours. The chemistries of the particles showing a size of (b and f) less 
than 60 nm, (c and g) 60 – 120 nm and (d and h) over 120 nm are also shown in separate diagrams. Creep tests were conducted at 625°C and 80 MPa. 
(c) (a) (b) (d) 
(e) (f) (g) (h) 
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The sizes of the MX and the M2X precipitates in the weld metal were quantitatively measured 
from bright-field STEM micrographs. Figure 8.32 shows the graphs showing the average 
sizes and the size distributions of the MX and the M2X fine precipitates in the weld metal of 
the cross-weld samples that were not creep tested and being creep tested for 11,000 hours.   
In the cross-weld samples that were not creep tested, the average sizes and the size 
distributions of the MX and the M2X fine precipitates are not significantly varied between the 
samples that were post weld heat treated at 732°C and 760°C (Figures 8.32a and 8.32b). The 
average sizes of fine precipitates in the cross-weld sample that was post weld heat treated at 
760°C was found to be slightly larger than the sample that was post weld heat treated at 
732°C after 11,000 hours creep (Figure 8.32c). The number fraction of the particles with a 
size of 60 – 120 nm was found to be higher in the weld metal of the cross-weld sample that 
was post weld heat treated at 760°C compared to the sample that was post weld heat treated 
at 732°C after 11,000 hours creep (Figure 8.32d). 
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Figure 8.32. The graphs showing (a and c) the average size and (b and d) the size distribution of the MX and the M2X precipitates in the weld metals of (a and b) 
the cross-weld samples that were not creep tested and (c and d) the samples that were creep tested for 11,000 hours. The average values and the standard deviations 
of particle sizes were obtained from approximately 100 particles per sample. The cross-weld samples were post weld heat treated at 732°C and 760°C for 2 hours 
prior to being creep tested at 625°C and 80 MPa.  
(a) (b) 
(c) (d) 
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8.11 Discussion  
8.11.1 Identification of critical factors that are related with creep damage accumulation 
Detailed microstructural characterization of the microstructures in the HAZ of welds made 
using carefully controlled procedures has been undertaken. In addition, the critical 
microstructural factors that are related with creep damage in the HAZ after long term testing 
have been established. The current research is the first in which the variation of creep damage 
across the HAZ of creep exposed cross-weld specimens has been compared with a range of 
microstructural factors. As such this comparison provides the basis for establishing the 
factors affecting causes for Type IV failure in Grade 92 steel. Table 8.5 summarizes the 
microstructural properties that were analysed to compare with the distribution of creep 
damage.  
Table 8.5. Summary of influences of various microstructural factors on the formation of creep damage in 
the HAZs and the weld metals of creep exposed cross-weld samples. 
Microstructural 
properties Influences on creep damage formation  
Hardness 
The most significant creep damage was not presented in the softest 
region after 5,000 hours creep;  
Most significant damage presented in the softest region after 11,000 
hours creep 
PAG structure Creep damage preferentially accumulated in the regions showing duplex grain structure due to in-complete re-austenisation. 
Martensitic 
substructure 
Significant coarsening of substructure in the damage susceptible regions; 
damage susceptible regions do not exhibit the highest lengths of 
boundaries per unit area across the HAZ. 
M23C6 carbides 
HAZ: presence of excessively large precipitate particles in the damage 
susceptible regions; damage susceptible regions exhibit the lowest 
number of the M23C6 carbides particles per unit length of boundary 
Weld metal: preferential formation of M23C6 precipitates on PAGBs; 
lack of the M23C6 carbides on substructure boundary; cavities formed on 
boundaries associated with large M23C6 particles 
Inclusions 
Cavities formed on inclusion particles, preferentially the BN inclusion 
particles, from the early stage of creep; pre-existing pores were observed 
around BN inclusion particle prior to creep; similar distribution 
properties of inclusion particles between damage susceptible HAZ 
regions and the parent metal 
 
In the cross-weld specimen that was creep tested for 11,000 hours, the regions showing the 
most significant creep damage were found with the lowest hardness values. The low 
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measured hardness is attributable to the presence of significant creep damage, as has been 
observed in existing works from Grade 91 steel welds [167]. In the cross-weld specimen that 
was creep tested for 5,000 hours, the regions showing preferential formation of creep damage 
do not correspond to the softest regions in the HAZs. Similar trends showing the highest 
levels of creep damage do not occur where the hardness is lowest have been reported 
previously in 9Cr steel weldments [12,175]. Therefore, the variation of hardness in the HAZ 
should not be considered as a determinant factor that significantly influences the formation of 
creep cavities.  
The PAG structure in the HAZ of creep exposed cross-weld specimen is not significantly 
different from the PAG structure in the HAZs of uncrept weld specimens. This has been 
reported in detail in Chapter 6. The region that is close to the primary creep damage in the 
HAZ exhibits a duplex grain structure as a result of partial re-austenitising during welding. 
This observation indicates that creep damage was preferentially accumulated in the regions 
that were exposed to intercritical peak temperatures during welding (i.e. the PTPT, the PTOT 
and the OTPT regions in Chapter 6). However, no evidence showing a close association of 
creep cavities with the PAGBs was obtained.    
The martensitic substructures in the damage susceptible regions from the HAZ were found to 
be significantly coarsened during creep. This trend is consistent with previous research on 
9Cr steel welds (e.g. [13,19,82]). The coarsening of the martensitic substructure, or more 
particularly, the increase in lath width, has been found to be closely related with the increase 
of creep strains [168]. In addition, it has been extensively pointed out that creep strains are 
preferentially accumulated in the HAZs of 9Cr steel welds (e.g. [82,142]). The accelerated 
coarsening of the martensitic substructure in the damage susceptible regions can be attributed 
to the effect of creep strain localisation in these regions. Of course it is established that 
tempered martensitic steel are ‘strain softening’ as a consequence of rearrangement and 
annihilation of dislocations. Thus, at deformation susceptible regions strain accumulates and 
the creep resistance will be further degraded. 
In addition, the presence of a refined martensitic substructure was considered as possible 
causes for the Type IV failure as a result of promoted cavity nucleation at the triple points of 
boundaries and enhanced vacancy diffusions along boundaries [16,28,97]. However, by 
comparing the distribution of creep cavities with the variation of boundary length per unit 
area, it was found that the regions where creep damage was preferentially formed are not 
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corresponding to the regions showing the highest boundary length densities, which suggests 
that the effect of refined martensitic substructure may not be significant on the formation of 
creep damage.  
It has been observed that the lath and grain boundaries in the damage susceptible regions are 
less effectively stabilised by precipitate particles, which are predominantly the M23C6 
carbides, than the other regions showing less extent of creep damage. Notably, the presence 
of excessively large precipitate particles and the precipitates that are detached from 
boundaries was observed in the damage susceptible regions. The observations from the 
uncrept weld specimen indicate that such distribution properties of precipitate particles in the 
HAZ of creep exposed cross-weld specimens are closely related with the initial distribution 
characteristics of precipitates prior to creep exposure. The presence of the excessively large 
precipitates in the damage susceptible regions is due to the presence of the precipitates that 
were not completely dissolved during welding. The presence of the precipitates that are 
detached from boundaries as has been observed in both the uncrept weld specimen and creep 
exposed cross-weld specimen can probably be attributed to the micro-segregation of carbide 
forming elements, such as Cr and C, on the locations of previously exist ‘ghost’ grain 
boundaries, which have been previously observed in similar 9Cr steels [13,24]. The un-
dissolved precipitates and the precipitate particles that are detached from boundaries in the 
HAZ of uncrept weld specimen were considered to be coarsened during creep tests, which 
consumes the available carbide forming elements in the matrix and hinders the formation of 
precipitate particles on lath and grain boundaries.  
Correlating the distribution of creep cavities with the distribution of the M23C6 carbides 
across the HAZ, it was clearly observed that the regions showing a higher extent of creep 
damage exhibit less number of precipitate particles per unit length of boundaries. It is worth 
noting that the major contribution of the M23C6 carbides is to improve the stability of 
microstructure by effectively pinning the boundaries on which these particles are formed 
[10,114]. The coarsening of the M23C6 carbides has been indicated as an important 
microstructural factor that leads to the deterioration of the creep properties of 9Cr steels 
[120,176]. Therefore, it was considered that the absence of the M23C6 carbides particles on 
the martensitic substructure boundaries in the damage susceptible regions, as has been 
observed in creep exposed cross-weld specimens, is a critical factor that is linked with the 
preferential accumulation of creep damage in these regions, which is consistent with the 
observations from an existing work on a Grade 92 steel weld [13]. 
 
 
245 
The Laves phase particles in the damage susceptible regions were observed with a higher 
number per unit area and a smaller size than the other regions showing less extent of creep 
damage. Smaller size and higher number per unit area of the Laves phase particles suggest 
that the Laves phases in the damage susceptible regions were not as significantly coarsened 
as the other regions during creep. A lesser extent of Laves phase coarsening in the damage 
susceptible regions can be attributed to the presence of the un-dissolved M23C6 carbides in 
these regions, since these un-dissolved M23C6 carbides consume the available elements, such 
as W and Mo, for the formation of the Laves phases [12]. The formation of the Laves phases 
in 9Cr steels has been considered as a possible cause for the Type IV failure in existing 
studies (e.g. [177]). The rapid growth of the Laves phase particles would promote the 
nucleation of creep cavities upon the presence of excessively grown particles and also 
deteriorate microstructural properties by consuming W and Mo from the matrix [112]. 
However, in this case, the Laves phase particles in the damage susceptible regions were not 
observed with a larger size than the other regions showing less extent of creep damage, which 
suggests that the presence of the Laves phases does not have significant effects on the 
preferential formation of creep damage in the damage susceptible regions.  
Creep cavities in the HAZs of creep exposed cross-weld specimens were found to be 
preferentially formed on the BN inclusion particles after 5,000 hours creep, whereas after 
11,000 hours creep, creep cavities were also found to be formed on the other types of 
inclusion particles such as the Al2O3 and the MnS inclusions, which is consistent with the 
observations in existing works on 9Cr steels [13,154].  Considering that the BN inclusions are 
associated with pre-existing pores prior to creep tests, which can be attributable to the 
significantly different physical properties of the BN inclusion particles to the matrix, these 
BN inclusions are likely to be the most preferred sites for cavity formation. Therefore, the 
BN inclusion particles are likely to be the locations where creep cavities were initially formed 
in the microstructure in the early stage of creep, whereas upon further creep exposure creep 
cavities can be formed on other microstructural features such as the Al2O3 and the MnS 
inclusions, as has been observed. However, the distribution of the BN inclusion particles in 
the damage susceptible HAZ regions is not significantly different from the parent metal. It 
was thus considered that, in this case, the presence of the BN inclusion particles alone is not 
sufficient to cause the preferential accumulation of creep damage in the HAZ.  
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8.11.2 Identification of creep damage susceptible regions 
To summarise, the microstructure in the HAZ regions that exhibit preferential accumulation 
of creep damage was observed with the characteristics as follow: 
1) The regions showing significant creep damage are approximately 1 – 2 mm from the 
weld line. 
2) These regions exhibit a duplex PAG structure that is composed of the re-austenitised 
grains and the pre-exisiting PAGs in the parent metal  
3) The presence of excessively large M23C6 carbides particles, which were considered to 
be the particles that were not completely dissolved during welding, was observed in 
these regions  
4) The presence of the M23C6 carbides that are detached from the nearest boundaries was 
observed in these regions. 
These microstructural observations from the damage susceptible regions in the HAZ of creep 
exposed cross-weld specimen were compared with the classification of the HAZ 
microstructure in as-fabricated welds as defined in Chapter 6 to indicate the critical HAZ 
regions that are susceptible to creep damage. Figure 8.33 shows a schematic diagram 
illustrating the possible combinations of the CT-, the PT- and the OT-HAZ regions in an as-
fabricated multi-pass weld, with typical microstructural factors in particular regions that were 
considered to be susceptible to creep damage highlighted.   
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Figure 8.33.  (a) A schematic diagram illustrating the regions that were exposed to various combinations of the CT-, the PT- and the OT-type of weld thermal cycles in the HAZ of 
an as-fabricated multi-pass Grade 92 steel weld. Particular regions that were considered to be susceptible to creep damage are highlighted in red colour. (b) EBSD grain map, (c) 
EBSD grain boundary map and (d and e) ion beam induced secondary electron micrographs that were obtained from the highlighted region are also  included . The EBSD maps as 
shown in (b) and (c), and the ion beam induced secondary electron micrographs (d) and (e) were collected from the identical region respectively. The re-austenitised region as 
revealed by EBSD (b and c) and the un-dissolved M23C6 carbides as observed in (d) and (e) are labelled. 
(a) 
(b) (c) 
(d) (e) 
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Based on a comparison in microstructure between the damage susceptible regions in the HAZ 
of creep exposed cross-weld specimen and the as-fabricated weld specimen, it was 
considered that the regions that were exposed to the weld thermal cycles with intercritical 
peak temperatures of between the Ac1 and the Ac3 temperatures (i.e. the PTPT, the PTOT and 
the OTPT regions in Figure 8.34a) are corresponding to the regions where creep damage was 
preferentially accumulated during creep. These regions, when prior to creep tests, were 
observed with a duplex microstructure and the presence of un-dissolved precipitates as a 
result of incomplete martensitic transformation and precipitate dissolution during welding, as 
has been indicated in Chapters 5 and 6. Although the martensitic microstructure and the 
distribution characteristics of precipitates were changed during creep, these corresponding 
regions in creep exposed cross-weld specimens were still identified by a duplex PAG 
structure and the presence of excessively large precipitate particles.  
Notably, it has been observed that the presence of less stabilised lath and grain boundaries 
due to a lack of precipitate particles is one of the critical factors that are closely linked with 
the presence of creep damage. It was thus considered that although minor variations in local 
grain structures have been previously observed in the damage susceptible HAZ regions due to 
complicated weld thermal histories in multi-pass welds (e.g. the grain structure in the PTPT 
region varies from a refined grain structure to a more evident duplex grain structure against 
decreasing peak temperatures as shown in Chapter 6), the variation in grain structure may not 
be used as a determinant factor to identify the damage susceptible HAZ regions in these 
welds. A less stabilised microstructure due to the lack of grain boundary precipitates, as has 
been identified in the damage susceptible regions in the HAZ, would be used as the criteria to 
determine these regions. In addition it is apparent the region with poor creep resistance will 
be established as a consequence of the welding thermal cycle. Although tempered martensitic 
steels are generally considered strain softening in a thermally degraded state it maybe that the 
local creep strength is close to worst case. Thus, conditions are established at or very early in 
creep life for strain to accumulate in a local region. If microstructural features are present 
which promote cavity nucleation then damage in the form of voids would be expected. In the 
present case it is apparent that high levels of inclusions were found through the base steel and 
most of the HAZ. These inclusions appear to have been present as a result of steel making 
and fabrication practices [178]. The local high density of creep voids in the HAZ is thus a 
consequence of low creep strength causing strain localization and hard particles which when 
decohered from the matrix rapidly become creep voids. 
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Most of the existing relevant works in which the Type IV [1] failure on 9Cr steel welds was 
reported adapt the ‘conventional’ definition of the microstructure in the HAZ, which 
classifies the HAZ into ‘coarse grain (CG)’, ‘fine grain (FG)’, ‘intercritical (IC)’ and ‘over 
tempered (OT)’ HAZ regions based on the variation in grain structure [3], to describe the 
Type IV failure behaviour of 9Cr steel welds (e.g. [12-14]). There have been controversies on 
whether the Type IV failure occurs in the ‘FG-HAZ’ or the ‘IC-HAZ’ regions, which are 
referred to the regions that were exposed to peak temperatures of slightly above the Ac3 
temperature and between the Ac1 and the Ac3 temperatures respectively [12]. However, based 
on the observations from as fabricated welds (Chapters 5 and 6), such classification of the 
HAZ microstructure cannot accurately describe the microstructure in the martensitic Grade 
92 steel welds, which leads to the identification of the critical damage susceptible regions 
difficult. Furthermore, as has been discussed above, the identification of the damage 
susceptible regions based on the variation in grain structure is difficult, since the regions that 
are more susceptible to creep damage would exhibit various grain structures as has been 
observed.  
It was considered that the more accurate classification of the HAZ as has been developed in 
previous studies, which classifies the HAZ into the ‘CT’, the ‘PT’ and the ‘OT’ HAZ regions 
(Chapters 5 and 6) based on the extents of re-austenisation and precipitate dissolution during 
welding, leads to a more clear identification of the damage susceptible HAZ regions. Such 
classification of the HAZ microstructure, compared to the ‘conventional’ classification of the 
HAZ microstructure, takes into account critical microstructural factors, such as the 
distribution characteristics of precipitate particles, to define the microstructural variations in 
the HAZ, which facilitates more accurate indication of the damage susceptible regions in the 
HAZ. Based on such classification of the HAZ microstructure and detailed microstructural 
analyses as have been conducted in this study on creep exposed weld specimens, it was 
concluded that the damage susceptible regions in the HAZ of the martensitic Grade 92 steel 
welds are, in this case, the PTPT, the PTOT and the OTPT HAZ regions. These regions are 
associated with less stabilised microstructures due to a lack of precipitate particles on lath and 
grain boundaries, which leads to a higher susceptibility to creep damage. It has also been 
considered that regardless of the variations in welding and heat treatment conditions, which 
are common for the Grade 92 welds for industrial applications, the damage susceptible 
regions in the HAZs of these welds are always linked with the regions that were exposed to 
intercritical peak temperatures during welding cycles. 
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8.12 Conclusions 
In this chapter, the influence of a range of microstructural factors on the formation of creep 
damage in the HAZ has been evaluated after long-term creep exposure. Microstructural 
heterogeneities such as the variations in hardness, grain structure and the distribution of the 
Laves phases were not observed to significantly affect the distribution of creep damage. 
Preferential nucleation of creep cavities was found to have initially occurred on BN 
inclusions, and then the other types of inclusions present. The distribution characteristics of 
the M23C6 carbides on the martensitic substructure boundaries were found to be a critical 
factor that significantly affects the presence of creep damage in the HAZ. The local high 
density of creep voids in the HAZ is thus a consequence of both the low creep strength 
microstructure which leads to strain localization and the presence of hard particles which, 
when decohered from the matrix, rapidly become creep voids. These voids grow in size 
through creep life. 
Based on the previously developed classification of the HAZ microstructure in the 
martensitic Grade 92 steel welds, which was introduced in Chapters 5 and 6, the regions that 
were exposed to intercritical peak temperatures during welding (i.e. the PTPT, the PTOT and 
the OTPT regions) have been identified to have a higher susceptibility to creep damage. The 
non-homogeneous distribution of the M23C6 carbides and the presence of hard inclusion 
particles have been found as the key microstructural factors that are related with preferential 
formation of creep damage in these regions. Therefore, it is considered that the fabrication of 
the parent metal and the welds need to be carefully performed and controlled to facilitate 
even distribution of the M23C6 carbides and eliminate the presence of hard inclusion particles. 
A careful selection of ingots and raw materials for steel making process and good control of 
parent metal chemistry are recommended in order to obtain a microstructure with a lower 
fraction of inclusions and even distribution of the M23C6 carbides. A slower cooling rate 
during welding and a closer stacking of weld beads in multi-pass welds are also 
recommended since these are helpful in mitigating the micro-segregation of carbide forming 
elements, which helps in improving the distribution of grain boundary precipitates such as the 
M23C6 carbides. If these are allowed by pratical manufacturing conditions, it is also 
recommended to either re-normalise the as-fabricated welds or conduct welding processes 
immediately after normalisation of the parent metal. Since these are able to improve the 
distribution of grain boundary precipitates and decrease the fraction of inclusions.  
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CHAPTER 9 CONCLUSIONS AND FURTHER WORKS 
9.1 Influences of weld manufacture processes on weld microstructure 
The parent metal of the welds which have been investigated in this research shows typical 
microstructural characteristics of Grade 92 steel before welding. The key microstructural 
properties that have been observed from the parent metal include a tempered martensitic 
matrix that is composed of martensitic laths and the presence of secondary precipitates and 
inclusions. The PAGBs and the substructure boundaries in the matrix have been found to be 
effectively stabilised by grain boundary precipitates such as the M23C6 carbides, whereas the 
presence of the fine MX carbonitrides has also been observed. The inclusions in the parent 
metal are mainly of the B and N-rich, Al and O-rich and Mn and S-rich types.  
Upon an exposure to a single weld thermal cycle, the resulting microstructure after welding 
has been found to be highly dependent on the peak temperature of the thermal cycle 
experienced. It has been observed that the original tempered martensitic matrix is completely 
re-austenitised as the peak temperatures of the thermal cycles exceed 1000°C, which results 
in a prior austenite grain (PAG) size of approximately 50 μm. Complete dissolution of the 
pre-existing secondary precipitates was also observed in the completely re-austenitised 
regions, whereas the presence of nano-sized M3C cementite was observed as a consequence 
of auto-tempering. The regions that were completely re-austenitised during welding were thus 
defined as the ‘completely transformed (CT) HAZ’ regions.  
As the peak temperature decreases to an intercritical range of between the Ac1 and the Ac3 
temperatures, the original martensitic matrix is partially re-austenitised along with a partial 
dissolution of pre-existing precipitates. The regions that were partially re-austenitised during 
welding were thus defined as the ‘partially transformed (PT) HAZ’ regions. As the peak 
temperature further decreased to below the Ac1 temperature, the original martensitic matrix is 
not significantly changed, whereas the pre-existing secondary precipitates are coarsened. 
These regions were thus defined as the ‘over tempered (OT) HAZ’ regions. 
The microstructural distribution in the HAZs of multi-pass welds is a consequence of the 
accumulated influences of multiple weld thermal cycles. The HAZ microstructure in the 
multi-pass weld being investigated was found to have similarities to a double-pass weld. The 
HAZ microstructure in this multi-pass weld was thus defined as the accumulated effects of a 
minimum of two weld thermal cycles. It has been observed that upon a peak temperature of 
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above the Ac3 temperature in the second thermal cycle, the original matrix or the matrix that 
has been altered after the first cycle is completely re-austenitised with a complete dissolution 
of the pre-existing secondary precipitates. As the peak temperature of the second cycle 
decreases to an intercritical range, a refined PAG structure that is composed of PAG with a 
size of less than 10 μm or a partially re-austenitised matrix from the original parent metal can 
be obtained, depending on the extent of re-austenitisation during the both cycles. As the peak 
temperature of the second cycle further decreases to below the Ac1 temperature, the resulting 
microstructure is identical to that after the first cycle, whereas it was noted that the hardness 
is considerably decreased. 
Upon exposure to post weld heat treatment (PWHT), the PAG structure in the microstructure 
after welding is not significantly changed, whereas the martensitic substructure is recovered. 
Secondary precipitates have been found to be formed during PWHT. In the HAZ regions 
where the pre-existing precipitates had been completely dissolved during welding, the freshly 
formed secondary precipitates during PWHT, particularly the M23C6 carbides, were found to 
be evenly distributed on both PAGBs and substructure boundaries. However, in the HAZ 
regions where the pre-existing precipitates had only been partially dissolved during welding, 
the undissolved precipitates were found to be coarsened during PWHT and hence could 
hinder the further formation of secondary precipitates on substructure boundaries. As a result, 
the martensitic substructure boundaries are not effectively stabilised by grain boundary 
precipitates and are more sensitive to the temperature variation during PWHT. It is worth 
noting that such phenomena can be observed in both of the regions showing a refined and a 
partially re-austenitised PAG structures in a multi-pass weld. The presence of the M23C6 
carbides that are not distributed on substructure boundaries have also been observed in these 
regions, which was considered to be a consequence of the micro-segregation of carbide 
forming elements along the pre-existing boundaries in the original matrix. In addition, the 
presence of M2X precipitates has been observed upon a PWHT temperature of 732°C, 
whereas the presence of the M2X precipitates was not observed after being post weld heat 
treated at 760°C, only MX precipitates in the latter case.  
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9.2 Microstructural influences on creep damage accumulation  
Creep damage was found to be preferentially accumulated in the HAZs from both the parent 
and the weld metals of creep exposed cross-weld specimens. A wide range of microstructural 
factors have been compared with the distribution of cavities to evaluate the relative 
significance of these factors on creep damage formation.  
Hardness mapping analyses on the cross-weld specimens in an early stage of creep life have 
indicated that the HAZ regions showing a high susceptibility to creep damage are not the 
softest regions in the HAZ, which suggests that the local softening in the HAZ may not be a 
critical factor that leads to the preferential accumulation of creep damage.  
The creep cavities in the HAZs from the parent metal have been found to be closely 
associated with inclusion particles. Localised 3D SE tomography on the cavities in the HAZs 
of the cross-weld samples with a creep test time period of 5,000 hours has indicated a close 
cavity association with BN inclusion particles, which suggests that these inclusions are 
preferential locations for cavity nucleation. However, a comparison between the numbers per 
unit area of creep cavities and inclusion particles has shown a much higher number per unit 
area of cavities than inclusion particles in the HAZ, which suggests that the presence of 
inclusions is not the exclusive factor determining the formation of cavities. The creep cavities 
in the weld metal have been found to be preferentially formed on PAGBs and the 
substructure boundaries on which the excessively grown secondary precipitates are formed. 
The presence of large secondary precipitates on these boundaries was considered to facilitate 
cavity nucleation.  
A comparison between cavity size and the distribution characteristics of secondary 
precipitates across the HAZ has shown that there is a larger size of cavities in the regions 
where substructure boundaries are not effectively stabilised by precipitates. Localised ion 
beam imaging and EBSD analyses have also demonstrated that there is not a well stabilised 
grain structure in the regions showing larger cavity sizes. These locally unstable grain 
structures were considered to cause a lower creep resistance and a higher creep strain in these 
HAZ regions, which further leads to a preferential growth of creep cavities.  
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9.3 Suggested further works 
In summary, the results obtained in this research have determined the microstructural 
distribution in the HAZ after typical weld manufacture processes and the critical 
metallurgical factors that are introduced during welding which are the cause of the 
preferential accumulation of creep damage in the HAZ. For a better control of creep 
performance of Grade 92 steel welds, it is important to optimize the HAZ microstructure by 
using appropriate weld manufacture conditions. It is thus of significant importance to 
systematically study how the variation in weld manufacture conditions, including the 
variation in welding procedure and PWHT conditions, affects the resulting microstructural 
constituents in the HAZs.  
It is also considered to be important to evaluate the influence of the properties of the parent 
metal on the microstructures and creep performances of weld joints. Some of the recent 
works by other researchers have been focused on the effect of the variation in normalisation 
conditions on the creep performance of Grade 92 steel welds and have shown very interesting 
results that the Type IV failure of Grade 92 steel welds is mitigated as the weld was 
fabricated immediately after normalisation [13]. The findings from this project have also 
identified the presence of pre-existing pores around inclusion particles in as-fabricated welds, 
which also suggests that the initial microstructure in the parent metal determines the 
microstructural properties and creep performances that can be achieved by weld joints.  
Due to the time scale of this project, long-term creep tests under similar conditions to the 
practical application conditions of Grade 92 steam pipes have not been conducted on the 
simulated HAZ materials. It is considered to be important to study the creep behaviour of the 
HAZ simulation materials with various peak temperatures since these homogeneous materials 
are not associated with the microstructural complexities as in the case of complicated multi-
pass welds. In addition, it is also important to study the creep behaviour of the HAZ 
simulation materials under various creep conditions in order to understand the effects of 
creep conditions on the creep behaviour of the simulated HAZ materials with various peak 
temperatures.  
The studies in this project have also indicated an inhomogeneous formation of secondary 
precipitates in the HAZ, which was considered to be partially caused by the micro-
segregation of carbide forming elements in these regions associated with dissolution. 
However, a direct observation of the micro-segregation of carbide forming elements in the 
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HAZ regions has not yet been achieved. The critical cooling rate and peak temperature upon 
which the micro-segregation of these elements is minimized have also not yet been identified 
and should be included in further research.  
The presence of the M2X precipitates has also been observed after being post weld heat 
treated at a lower temperature. The M2X precipitates were considered to promote the 
formation of the detrimental Z phases in high Cr stainless steels, whereas in this study the 
presence of the Z phases was not identified. It can possibly be attributed to the relatively 
short creep life of weld joints compared to bulk parent metals, but also can be linked with the 
relatively lower Cr content in Grade 92 steel than high Cr stainless steels. Therefore, to 
investigate the influence of the M2X precipitates on creep performance it is important to 
conduct creep tests with longer time periods on M2X contained bulk materials, followed by 
detailed microstructural characterisation to link with their creep behaviour and also, compare 
with high Cr steels.  
 
 
256 
REFERENCES  
[1] H. Schuller, L. Hagn, A. Woitscheck, Cracking in the Weld Region of Shaped 
Components in Hot Steam Pipe Lines–Materials Investigations, Maschinenschaden. 47 (1974) 
1-13. 
[2] R.W.K. Honeycombe, H.K.D.H. Bhadeshia, Steels: Microstructure and Properties, 
Edward Arnold, London, 1995. 
[3] J. Gianetto, J. Braid, J. Bowker, W. Tyson, Heat-affected zone toughness of a TMCP steel 
designed for low-temperature applications, J. Offshore. Mech. Arct. 119 (1997) 134-144. 
[4] D. Rosenthal, Mathematical theory of heat distribution during welding and cutting, Weld. 
J. 20 (1941) 220s-234s. 
[5] S. Mannan, K. Laha, Creep behaviour of Cr-Mo steel weldments, T. Indian. I. Metals. 49 
(1996) 303-320. 
[6] S. Issler, A. Klenk, A. Shibli, J. Williams, Weld repair of ferritic welded materials for 
high temperature application, Int. Mater. Rev. 49 (2004) 299-324. 
[7] A. Yaghi, T. Hyde, A. Becker, W. Sun, Finite element simulation of welding and residual 
stresses in a P91 steel pipe incorporating solid-state phase transformation and post-weld heat 
treatment, J. Strain. Anal. Eng. 43 (2008) 275-293.  
[8] D. Deng, H. Murakawa, Prediction of welding residual stress in multi-pass butt-welded 
modified 9Cr–1Mo steel pipe considering phase transformation effects, Comp. Mater. Sci. 37 
(2006) 209-219. 
[9] D. Richardot, J. Vaillant, A. Arbab, W. Bendick, The T92/P92 Book, Vallourec and 
Mannesmann Tubes, Dusseldorf, 2000. 
[10] P. Ennis, A. Czyrska-Filemonowicz, Recent advances in creep-resistant steels for power 
plant applications, Sadhana. 28 (2003) 709-730. 
[11] G.M. Marcello-Consonni, Review of current practice for welding of Grade 92 steel, 
Weld. Cutting. 11 (2013) 169-173 
[12] J. Francis, W. Mazur, H. Bhadeshia, Review Type IV cracking in ferritic power plant 
steels, Mater. Sci. Technol. 22 (2006) 1387-1395. 
 
 
257 
[13] Y. Liu, S. Tsukamoto, T. Shirane, F. Abe, Formation Mechanism of Type IV Failure in 
High Cr Ferritic Heat-Resistant Steel-Welded Joint, Metall. Mater. Trans. A. 44 (2013) 4626-
4633. 
[14] S. Albert, M. Matsui, T. Watanabe, H. Hongo, K. Kubo, M. Tabuchi, Variation in the 
Type IV cracking behaviour of a high Cr steel weld with post weld heat treatment, Int. J. 
Pressure Vessels Piping. 80 (2003) 405-413. 
[15] T. Sakthivel, M. Vasudevan, K. Laha, P. Parameswaran, K. Chandravathi, S.P. Selvi, V. 
Maduraimuthu, M. Mathew, Creep rupture behavior of 9Cr-1.8W-0.5Mo-VNb (ASME grade 
92) ferritic steel weld joint, Mater. Sci. Eng., A. 591 (2014) 111-120. 
[16] K. Shinozaki, D. Li, H. Kuroki, H. Harada, K. Ohishi, T. Sato, Observation of type IV 
cracking in welded joints of high chromium ferritic heat resistant steels, Sci. Technol. Weld. 
Joi. 8 (2003) 289-295. 
[17] D. Li, K. Shinozaki, H. Harada, K. Ohishi, Investigation of precipitation behavior in a 
weld deposit of 11Cr-2W ferritic steel, Metall. Mater. Trans. A. 36 (2005) 107-115. 
[18] K. Chandravathi, K. Laha, K.B.S. Rao, S. Mannan, Microstructure and tensile properties 
of modified 9Cr–1Mo steel (grade 91), Mater. Sci. Technol. 17 (2001) 559-565. 
[19] K. Laha, K. Chandravathi, P. Parameswaran, K.B.S. Rao, S. Mannan, Characterization 
of microstructures across the heat-affected zone of the modified 9Cr-1Mo weld joint to 
understand its role in promoting Type IV cracking, Metall. Mater. Trans. A. 38 (2007) 58-68. 
[20] F. Humphreys, Review grain and subgrain characterisation by electron backscatter 
diffraction, J. Mater. Sci. 36 (2001) 3833-3854. 
[21] M. Phaneuf, Applications of focused ion beam microscopy to materials science 
specimens, Micron. 30 (1999) 277-288. 
[22] K. Sawada, T. Hara, M. Tabuchi, K. Kimura, K. Kubushiro, Microstructure 
characterization of heat affected zone after welding in Mod. 9Cr-1Mo steel, Mater Charact. 
(2015). 
[23] L. Li, P. Zhu, G. West, R.C. Thomson, the effect of stress relief heat treatments on 
microstructural evolution and mechanical properties in Grade 91 and 92 power plant steels, 
(2011) 679-692. 
 
 
258 
[24] R.C. Maclachlan, J.J. Sanchez-Hanton, R.C. Thomson, The effect of simulated post weld 
heat treatment temperature overshoot on microstructural evolution in P91 and P92 power 
plant steels, in: D. Gandy, J. Shingledecker, R. Viswanathan (Eds.), Advances in Materials 
Technology for Fossil Power Plants: Proceedings from the 6th International Conference, 31st 
August-3rd September 2010, Santa Fe, New Mexico. ASM International, Materials Park, 
Ohio, US, 2011, pp. 787-799.  
[25] J. Robson, H. Bhadeshia, Modelling precipitation sequences in power plant steels Part 
1–Kinetic theory, Mater. Sci. Technol. 13 (1997) 631-639. 
[26] W.B. Jones, C. Hills, D. Polonis, Microstructural evolution of modified 9Cr-1Mo steel, 
Metall. Mater. Trans. A. 22 (1991) 1049-1058. 
[27] A. Inoue, T. Masumoto, Carbide reactions (M3C→ M7C3→ M23C6→ M6C) during 
tempering of rapidly solidified high carbon Cr-W and Cr-Mo steels, Metall. Mater. Trans. A. 
11 (1980) 739-747. 
[28] F. Abe, T.U. Kern, R. Viswanathan, Creep Resistant Steels, Woodhead Publishing 
Limited, Cambridge, 2008. 
[29] T. Fujita, N. Takahashi, The effects of boron on the long period creep rupture strength of 
the modified 12% chromium heat resisting steel, Trans. ISIJ. 16 (1976) 606-613. 
[30] R. Viswanathan, K. Coleman, U. Rao, Materials for ultra-supercritical coal-fired power 
plant boilers, Int. J. Pressure Vessels Piping. 83 (2006) 778-783. 
[31] F. Abe, M. Tabuchi, S. Tsukamoto, Metallurgy of Type IV fracture in advanced ferritic 
power plant steels, Mater. High. Temp. 28 (2011) 85-94. 
[32] F. Masuyama, 12Cr–3W–3Co–V–Nb–Ta–Nd–N steel, in: K. Yagi, G. Merklin, T.U. 
Kern, H. Irie, W. Warlimont (Eds.),  Landolt–Bornstein Numerical Data and Functional 
Relation- ships in Science and Technology, Group VIII: Advanced Materials and 
Technologies. Springer. Berlin, Heidelberg, New York, vol 2, 2004, pp. 204-205. 
[33] A.K. Sinha, Ferrous Physical Metallurgy, Butterworths, Boston, London, Singapore, 
1989. 
[34] J.C. Lippold, D.J. Kotecki, Welding Metallurgy and Weldability of Stainless Steels, 
Wiley, Hoboken, 2005. 
 
 
259 
[35] W. Quadakkers, P. Ennis, J. Zurek, M. Michalik, Steam oxidation of ferritic steels 
laboratory test kinetic data, Mater. High. Temp. 22 (2005) 1-2. 
[36] I. von Hagen, W. Bendick, Creep resistant ferritic steels for power plants, in: H. Stuart 
(Ed.), Proceedings of the International Symposium on Niobium, Metallurgical Society of 
AIME, Cornell, 2001. 
[37] K. Sawada, M. Takeda, K. Maruyama, R. Ishii, M. Yamada, Y. Nagae, R. Komine, 
Effect of W on recovery of lath structure during creep of high chromium martensitic steels, 
Mater. Sci. Eng. A. 267 (1999) 19-25. 
[38] H. Bhadeshia, Design of ferritic creep-resistant steels, Int. ISIJ. 41 (2001) 626-640. 
[39] G.E. Totten, Steel Heat Treatment Metallurgy and Technologies, CRC Press, Boca 
Raton, 2007.  
[40] H. Naoi, M. Ohgami, X. Liu, T. Fujita, Effects of aluminum content on the mechanical 
properties of a 9Cr-0.5-Mo-1.8-W steel, Metall. Mater. Trans. A. 28 (1997) 1195-1203. 
[41] T. Ishitsuka, Y. Inoue, H. Ogawa, Effect of silicon on the steam oxidation resistance of a 
9% Cr heat resistant steel, Oxid. Met. 61 (2004) 125-142. 
[42] Z. Zhang, G. Holloway, A. Marshall, Properties of T/P92 steel weld metals for ultra-
super critical (USC) power plant, Weld. World. 52 (2008) 455. 
[43] A. Strang, J. Cawley, G.W. Greenwood, Microstructural Stability of Creep Resistant 
Alloys for High Temperature Plant Applications, The Institute of Materials, London, 1997. 
[44] K. Harrelson, S. Rou, R. Wilcox, Impurity element effects on the toughness of 9Cr-1Mo 
steel, J. Nucl. Mater. 141 (1986) 508-512. 
[45] M. Taneike, F. Abe, K. Sawada, Creep-strengthening of steel at high temperatures using 
nano-sized carbonitride dispersions, Nature. 424 (2003) 294-296. 
[46] T. Sakthivel, K. Laha, P. Parameswaran, S.P. Selvi, K. Chandravathi, M. Mathew, Effect 
of thermal aging on microstructure and mechanical properties of P92 steel, Trans. Indian Inst. 
Met. 68 (2014) 411-421. 
 
 
260 
[47] C. Das, S. Albert, A. Bhaduri, B. Murty, Effect of boron addition and initial heat 
treatment temperature on microstructure and mechanical properties of modified 9Cr-1Mo 
steels under different heat treatment conditions, Metall. Mater. Trans. A. (2013) 1-16. 
[48] F. Abe, T. Horiuchi, M. Taneike, K. Sawada, Stabilization of martensitic microstructure 
in advanced 9Cr steel during creep at high temperature, Mater. Sci. Eng. A. 378 (2004) 299-
303. 
[49] T. Tsuchiyama, Y. Futamura, S. Takaki, Strengthening of heat resistant martensitic steel 
by Cu addition, Key. Eng. Mat. 171 (1999) 411-418.  
[50] R. Klueh, N. Hashimoto, P. Maziasz, Development of new nano-particle-strengthened 
martensitic steels, Scr. Mater. 53 (2005) 275-280.  
[51] K. Haarmann, J. Vaillant, W. Bendick, A. Arbab, The T91/P91 Book, Vallourec-
Mannesmann Tubes, Boulogne, (1999). 
[52] A.B. Greninger, A.R. Troiano, The mechanism of martensite formation, Metals 
Transactions. 185 (1949) 590-598.  
[53] H. Kitahara, R. Ueji, N. Tsuji, Y. Minamino, Crystallographic features of lath martensite 
in low-carbon steel, Acta Mater. 54 (2006) 1279-1288. 
[54] S. Morito, X. Huang, T. Furuhara, T. Maki, N. Hansen, The morphology and 
crystallography of lath martensite in alloy steels, Acta Mater. 54 (2006) 5323-5331. 
[55] L. Ryde, Application of EBSD to analysis of microstructures in commercial steels, 
Mater. Sci. Technol. 22 (2006) 1297-1306. 
[56] D. Jack, K. Jack, Invited review: carbides and nitrides in steel, Mater. Sci. Eng. 11 (1973) 
1-27. 
[57] A. Kipelova, A. Belyakov, R. Kaibyshev, The crystallography of M23C6 carbides in a 
martensitic 9% Cr steel after tempering, aging and creep, Philos. Mag. (2013) 1-10.  
[58] P. Ennis, A. Zielinska-Lipiec, O. Wachter, A. Czyrska-Filemonowicz, Microstructural 
stability and creep rupture strength of the martensitic steel P92 for advanced power plant, 
Acta Mater. 45 (1997) 4901-4907. 
 
 
261 
[59] L. Cipolla, H.K. Danielsen, D. Venditti, P.E. Di Nunzio, J. Hald, M.A. Somers, 
Conversion of MX nitrides to Z-phase in a martensitic 12% Cr steel, Acta Mater. 58 (2010) 
669-679. 
[60] F. Abe, M. Taneike, K. Sawada, Alloy design of creep resistant 9Cr steel using a 
dispersion of nano-sized carbonitrides, Int. J. Pres. Ves. Pip. 84 (2007) 3-12.  
[61] K. Suzuki, S. Kumai, Y. Toda, H. Kushima, K. Kimura, Two-phase separation of 
primary MX carbonitride during tempering in creep resistant 9Cr1MoVNb steel, ISIJ Int. 43 
(2003) 1089-1094. 
[62] F. Abe, Bainitic and martensitic creep-resistant steels, Curr. Opin. Solid State Mater. Sci. 
8 (2004) 305-311. 
[63] M. Yoshino, Y. Mishima, Y. Toda, H. Kushima, K. Sawada, K. Kimura, Phase 
equilibrium between austenite and MX carbonitride in a 9Cr-1Mo-V-Nb steel, ISIJ Int. 45 
(2005) 107-115. 
[64] K. Kaneko, S. Matsumura, A. Sadakata, K. Fujita, W. Moon, S. Ozaki, N. Nishimura, Y. 
Tomokiyo, Characterization of carbides at different boundaries of 9Cr-steel, Mater. Sci. Eng., 
A. 374 (2004) 82-89. 
[65] G. Cai, H. Andrén, Microstructural change of a 5% Cr steel weld metal during tempering, 
Mater. Sci. Eng., A. 242 (1998) 202-209. 
[66] K. Sawada, H. Kushima, K. Kimura, Z-phase formation during creep and aging in 9–12% 
Cr heat resistant steels, ISIJ Int. 46 (2006) 769-775. 
[67] R. Agamennone, W. Blum, C. Gupta, J. Chakravartty, Evolution of microstructure and 
deformation resistance in creep of tempered martensitic 9–12% Cr–2% W–5% Co steels, 
Acta Mater. 54 (2006) 3003-3014. 
[68] R.W. Messler, Principles of Welding: Processes, Physics, Chemistry, and Metallurgy, 
John Wiley, New York; Chichester, 1999. 
[69] K.E. Easterling, Introduction to the Physical Metallurgy of Welding, Butterworth-
Heinemann, Oxford, 1992. 
 
 
262 
[70] N. Newell, Guideline for Welding Creep Strength-Enhanced Ferritic Alloys, EPRI, 
Charlotte, NC, USA, 2007. 
[71] L. Havelka, P. Mohyla, M. Sondel, Thermal cycle measurement of P92 welded joints, in: 
E. Mazancova and V. Vodarek (Eds.) Proceedings of 23rd International Conference on 
Metallugy and Materials, Brno, Czech Republic, 2014. 
[72] A. Yaghi, D. Tanner, T. Hyde, A. Becker, W. Sun, Abaqus Thermal Analysis of the 
Fusion Welding of a P92 Steel Pipe, Report of 2011 SIMULIA Customer Conference, 2012.  
[73] H. Hirata, K. Ogawa, Relationship between loss of creep rupture strength and 
microstructure in the heat affected zone of heat-resistant ferritic steel, Weld. Int. 19 (2005) 
109-117. 
[74] H. Hongo, M. Tabuchi, T. Watanabe, Type IV creep damage behavior in Gr. 91 steel 
welded joints, Metall. Mater. Trans. A. 43 (2012) 1163-1173. 
[75] P. Ennis, The creep rupture behaviour and steam oxidation resistance of P92 weldments, 
Mater. High Temp. 23 (2006) 187-193. 
[76] C. Das, A. Bhaduri, S. Lakshmi, S. Chakravarty, S. Kar, S. Albert, Influence of boron 
and nitrogen on microstructure and hardness of heat-affected zone of modified 9Cr–1Mo 
steel—Gleeble simulation study, Weld. World. (2015) 1-7. 
[77] Y. Tsuchida, K. Okamoto, Y. Tokunaga, Study of creep rupture strength in heat affected 
zone of 9Cr-1Mo-V-Nb-N steel by welding thermal cycle simulation, Weld. Int. 10 (1996) 
454-460. 
[78] ASME Code, Section VIII, Division 1, Rules for Construction of Pressure Vessels. 
(2013). 
[79] H. Ebert, W. Ballis, W. Sperko, Recommended practices for local heating of welds in 
piping and tubing, Am. Weld. Soc. J. (1990) 26. 
[80] J. Vaillant, B. Vandenberghe, B. Hahn, H. Heuser, C. Jochum, T/P23, 24, 911 and 92: 
new grades for advanced coal-fired power plants - properties and experience, Int. J. Pressure 
Vessels Piping. 85 (2008) 38-46. 
 
 
263 
[81] R. Reed, H. Bhadeshia, A simple model for multipass steel welds, Acta Metall. Mater. 
42 (1994) 3663-3678. 
[82] T. Watanabe, M. Tabuchi, M. Yamazaki, H. Hongo, T. Tanabe, Creep damage 
evaluation of 9Cr–1Mo–V–Nb steel welded joints showing Type IV fracture, Int. J. Pressure 
Vessels Piping. 83 (2006) 63-71. 
[83] S. Paddea, J. Francis, A. Paradowska, P. Bouchard, I. Shibli, Residual stress 
distributions in a P91 steel-pipe girth weld before and after post weld heat treatment, Mater. 
Sci. Eng. A. 534 (2012) 663-672.  
[84] I. Holzer, Evolution of precipitate structure in the heat-affected zone of a 9 wt. % Cr 
martensitic steel during welding and post weld heat treatment, Weld. World. 55 (2011) 70-77. 
[85] S. Albert, M. Matsui, H. Hongo, T. Watanabe, K. Kubo, M. Tabuchi, Creep rupture 
properties of HAZs of a high Cr ferritic steel simulated by a weld simulator, Int. J. Pressure 
Vessels Piping. 81 (2004) 221-234. 
[86] Y. Liu, S. Tsukamoto, K. Sawada, M. Tabuchi, F. Abe, Microstructure evolution of Ac3 
HAZ simulated 9%Cr heat resistant steels during creep, in: A Shibli (Ed.), Proceedings of the 
ETD Int. Conference on New High Temperature Materials, Chicago, 4-5 Aug 2011, 
Consortium of JRCM (The Japan Research and Development Center for Metals), Tokyo, 
Japan, 2011. 
[87] Z. Zhang, A.W. Marshall, P92 Welding Consumables for the Power Peneration Industry, 
Metrode Products Ltd., Surrey, UK, 2005. 
[88] C. Chovet, E. Galand, G. Ehrhart, E. Baune, B. Leduey, in: P. Mayr, G. Posch, H. Cerjak 
(Eds.), Safety and Reliability of Welded Components in Energy and Processing Industry: 
Proceedings of the IIW International Conference, Verlag der Technischen Universität Graz, 
2009, pp. 444-448. 
[89] J. Onoro, Weld metal microstructure analysis of 9–12% Cr steels, Int. J. Pressure 
Vessels Piping. 83 (2006) 540-545. 
[90] W. Tiller, K. Jackson, J. Rutter, B. Chalmers, The redistribution of solute atoms during 
the solidification of metals, Acta. Metall. Mater. 1 (1953) 428-437. 
 
 
264 
[91] W.W. Mullins, R. Sekerka, Stability of a planar interface during solidification of a dilute 
binary alloy, J. Appl. Phys. 35 (1964) 444-451. 
[92] J.C. Lippold, Transformation and tempering behavior of 12Cr-1Mo-0.3-V martensitic 
stainless steel weldments, J. Nucl. Mater. 104 (1981) 1127-1131. 
[93] M. Santella, R. Swindeman, R. Reed, J. Tanzosh, Martensite formation in 9Cr-lMo steel 
weld metal and its effect on creep behavior, in: D. Grandy, K. Coleman, R. Viswananthan, W. 
Newell (Eds.), EPRI Conference on 9Cr Materials Fabrication and Joining Technologies, 
EPRI, Charlotte, 2001. 
[94] S.T. Mandziej, A. Vyrostkova, C. Chovet, Microstructure and Creep Rupture of P92-
grade weld metal, Weld. World. 55 (2011) 37-51. 
[95] L.Y. Jiang, W. Juan, Z. Bing, F. Tao, XRD and TEM analysis of microstructure in the 
welding zone of 9Cr-1Mo-V-Nb heat-resisting steel, Bull. Mater. Sci. 25 (2002) 213-217. 
[96] J. Parker, J. Siefert, Evaluation of options for weld repair of Grade 91 piping and 
components: metallographic characterisation, Sci. Technol. Weld. Joining. 18 (2013) 507-517. 
[97] M. Kassner, T. Hayes, Creep cavitation in metals, Int. J. Plast. 19 (2003) 1715-1748. 
[98] F.C. Monkman, N.J. Grant, An empirical relationship between rupture life and minimum 
creep rate in creep-rupture tests, proc. ASTM. 56 (1956) 593-620.  
[99] F. Larson, J. Miller, A time-temperature relationship for rupture and creep stresses, 
Trans. ASME. 74 (1952) 765-775. 
[100] V. Sklenicka, High temperature intergranular damage and fracture, Mater. Sci. and Eng. 
A. 234 (1997) 30-36. 
[101] H. Evans, Mechanisms of Creep Fracture, Elsevier Applied Science Publishers, Ltd., 
Amsterdam, 1984. 
[102] R. Raj, M. Ashby, Intergranular fracture at elevated temperature, Acta Metallurgica. 23 
(1975) 653-666.  
[103] H. Riedel, Cavity nucleation at particles on sliding grain boundaries: a shear crack 
model for grain boundary sliding in creeping polycrystals, Acta. Metall. Mater. 32 (1984) 
313-321.  
 
 
265 
[104] B. Dyson, Continuous cavity nucleation and creep fracture, Scripta. Metall. Mater. 17 
(1983) 31-37. 
[105] M. Kassner, T. Kennedy, K. Schrems, The mechanism of ductile fracture in constrained 
thin silver films, Acta. Mater. 46 (1998) 6445-6457. 
[106] I. Chen, Mechanisms of cavity growth in creep, Scripta. Metall. Mater. 17 (1983) 17-22. 
[107] H. Evans, The growth of creep cavities by grain boundary sliding, Philos. Mag. 23 
(1971) 1101-1112. 
[108] A. Needleman, J. Rice, Plastic creep flow effects in the diffusive cavitation of grain 
boundaries, Acta. Metall. Mater. 28 (1980) 1315-1332.  
[109] W. Nix, D. Matlock, R. Dimelfi, A model for creep fracture based on the plastic growth 
of cavities at the tips of grain boundary wedge cracks, Acta. Metall. Mater. 25 (1977) 495-
503. 
[110] H. Magnusson, Creep Modelling of Particle Strengthened Steels, Ph. D. Thesis, Royal 
Institute of Technology, Stockholm, Sweden, 2010.  
[111] W. Xue, P.Q. Gang, L.Z. Jun, Z.H. Qiang, T.Y. Shun, Creep rupture behaviour of P92 
steel weldment, Eng. Fail. Anal. 18 (2011) 186-191.  
[112] W. Yan, W. Wang, Y. Shan, K. Yang, Microstructural stability of 9–12% Cr 
ferrite/martensite heat-resistant steels, Front. Mater. Sci. 7 (2013) 1-27. 
[113] A. Orlová, J. Čadek, Dislocation structure in the high temperature creep of metals and 
solid solution alloys: a review, Mater. Sci. Eng. 77 (1986) 1-18. 
[114] K. Maruyama, K. Sawada, J. Koike, Strengthening mechanisms of creep resistant 
tempered martensitic steel, ISIJ Int. 41 (2001) 641-653. 
[115] K. Maruyama, K. Sawada, Y. Hasegawa, T. Muraki, Creep life assessment of high 
chromium ferritic steels by recovery of martensitic lath structure, Key. Eng. Mat. 171 (1999) 
109-114.  
[116] M. Sato, Y. Hasegawa, T. Muraki, K. Maruyama, Correlation between creep strength 
and stability of subgrain structure in high chromium ferritic heat resistant steel with tungsten, 
J. Jpn. I. Met. 64 (2000) 371-374.  
 
 
266 
[117] J. Hald, Microstructure and long-term creep properties of 9–12% Cr steels, Int. J. Pres. 
Ves. Pip. 85 (2008) 30-37. 
[118] C.G. Panait, A. Zielińska-Lipiec, T. Koziel, A. Czyrska-Filemonowicz, A. Gourgues-
Lorenzon, W. Bendick, Evolution of dislocation density, size of subgrains and MX-type 
precipitates in a P91 steel during creep and during thermal ageing at 600°C for more than 
100,000 h, Mater. Sci. Eng., A. 527 (2010) 4062-4069. 
[119] Y. Qin, G. Götz, W. Blum, Subgrain structure during annealing and creep of the cast 
martensitic Cr-steel G-X12CrMoWVNbN 10-1-1, Mater. Sci. Eng., A. 341 (2003) 211-215. 
[120] K. Sawada, M. Bauer, F. Kauffmann, P. Mayr, A. Klenk, Microstructural change of 9% 
Cr-welded joints after long-term creep, Mater. Sci. Eng., A. 527 (2010) 1417-1426. 
[121] A. Strang, V. Vodarek, Microstructural degradation of martensitic 12% Cr power plant 
steel during prolonged high temperature creep exposure, in: J. Lecomte-Beckers, F. Schubert 
(Eds.) Materials for advanced power engineering 1998: Proceedings of the 6th Liège 
conference, Energy Technology Forschungszentrum Julich, Julich, Germany, 1998 pp. 601. 
[122] J. Hald, S. Straub, Microstructural Stability of 9%-12% CrMo(W)VNbN Steels, in: J.L. 
Beckers, F. Schunert, P.J. Ennis (Eds.), Materials for Advanced Power Engineering 1998: 
Proceedings of the 6th Liege Conference. Forschungszentrum Jülich GmbH, Jülich, 1998 
[123] G. Eggeler, The effect of long-term creep on particle coarsening in tempered martensite 
ferritic steels, Acta. Metall. Mater. 37 (1989) 3225-3234. 
[124] J. Kasl, D. Jandová, E. Chvostová, P. Martínek, Creep resistance of weld joint of tube 
made of P92 steel, Metal. 2013. 
[125] A. Výrostková, V. Homolova, J. Pecha, M. Svoboda, Phase evolution in P92 and E911 
weld metals during ageing, Mater. Sci. Eng. A. 480 (2008) 289-298. 
[126] K. Lejaeghere, S. Cottenier, S. Claessens, M. Waroquier, V. Van Speybroeck, 
Assessment of a low-cost protocol for an ab initio based prediction of the mixing enthalpy at 
elevated temperatures: The Fe-Mo system, Phys. Rev. B. 83 (2011) 184-201. 
[127] L. Korcakova, J. Hald, M.A. Somers, Quantification of Laves phase particle size in 
9CrW steel, Mater. Charact. 47 (2001) 111-117. 
 
 
267 
[128] M. Isik, A. Kostka, V. Yardley, K. Pradeep, M. Duarte, P. Choi, D. Raabe, G. Eggeler, 
The nucleation of Mo-rich Laves phase particles adjacent to M23C6 micro-grain boundary 
carbides in 12% Cr tempered martensite ferritic steels, Acta Mater. 90 (2015) 94-104. 
[129] M. Isik, A. Kostka, G. Eggeler, On the nucleation of Laves phase particles during high-
temperature exposure and creep of tempered martensite ferritic steels, Acta Mater. 81 (2014) 
230-240. 
[130] A. Aghajani, F. Richter, C. Somsen, S. Fries, I. Steinbach, G. Eggeler, On the 
formation and growth of Mo-rich Laves phase particles during long-term creep of a 12% 
chromium tempered martensite ferritic steel, Scr. Mater. 61 (2009) 1068-1071. 
[131] J.S. Lee, H.G. Armaki, K. Maruyama, T. Muraki, H. Asahi, Causes of breakdown of 
creep strength in 9Cr-1.8W-0.5Mo-VNb steel, Mater. Sci. Eng., A. 428 (2006) 270-275. 
[132] F. Abe, H. Araki, T. Noda, The effect of tungsten on dislocation recovery and 
precipitation behavior of low-activation martensitic 9Cr steels, Metall. Trans. A. 22 (1991) 
2225-2235. 
[133] A. Strang, V. Vodarek, Z phase formation in martensitic 12CrMoVNb steel, Mater. Sci. 
Technol. 12 (1996) 552-556. 
[134] J. Hald, L. Korcakova, H.K. Danielsen, K.V. Dahl, Thermodynamic and kinetic 
modelling: creep resistant materials, Mater. Sci. Technol. 24 (2008) 149-158. 
[135] H. Danielsen, Review of Z phase precipitation in 9-12 wt. % Cr steels, Mater. Sci. 
Technol. 00 (2015) 1-12. 
[136] K. Lee, J. Suh, S. Hong, J. Huh, W. Jung, Microstructural evolution and creep-rupture 
life estimation of high-Cr martensitic heat resistant steels, Mater. Charact. 106 (2015) 266-
272. 
[137] K. Sawada, K. Suzuki, H. Kushima, M. Tabuchi, K. Kimura, Effect of tempering 
temperature on Z-phase formation and creep strength in 9Cr-1Mo-V-Nb-N steel, Mater. Sci. 
Eng. A. 480 (2008) 558-563. 
[138] F. Masuyama, M. Matsui, N. Komai, Creep rupture behavior of advanced 9-12% Cr 
steel weldment, Key Eng Mat. 171 (1999) 99-108. 
 
 
268 
[139] K. Kimura, Y. Takahashi, Evaluation of long-term creep strength of ASME Grades 91, 
92, and 122 type steels, in: M.E. Nitzel (Ed.), Proceedings of the ASME 2012 Pressure 
Vessels & Piping Conference, ASME, New York, 2012, pp. 309-316. 
[140] M. Yaguchi, T. Matsumura, K. Hoshino, Evaluation of long-term creep strength of 
welded joints of ASME grades 91, 92 and 122 type steels, in: M.E. Nitzel (Ed.), Proceedings 
of the ASME 2012 Pressure Vessels & Piping Conference, ASME, New York, 2012, pp. 317-
326. 
[141] F. Abe, High performance creep resistant steels for 21st century power plants, in: 
Proceedings of the 1st Conference on Super High Strength Steels, Rome, Italy, 2005, pp. 2-5. 
(2005) 2-5. 
[142] D. Smith, N. Walker, S. Kimmins, Type IV creep cavity accumulation and failure in 
steel welds, Int. J. Pressure Vessels Piping. 80 (2003) 617-627. 
[143] T. Sakthivel, M. Vasudevan, K. Laha, P. Parameswaran, K. Chandravathi, S.P. Selvi, V. 
Maduraimuthu, M. Mathew, Creep rupture behavior of 9Cr-1.8W-0.5Mo-VNb (ASME grade 
92) ferritic steel weld joint, Mater. Sci. Eng., A. 591 (2014) 111-120. 
[144] B. Kim, C. Jeong, B. Lim, Creep behavior and microstructural damage of martensitic 
P92 steel weldment, Mater. Sci. Eng., A. 483 (2008) 544-546. 
[145] K. Shinozaki, H. Kuroki, Stress-strain analysis of creep deterioration in heat affected 
weld zone in high Cr ferritic heat resistant steel, Mater. Sci. Eng. 19 (2003) 1253-1260. 
[146] L. Falat, A. Výrostková, V. Homolová, M. Svoboda, Creep deformation and failure of 
E911/E911 and P92/P92 similar weld-joints, Eng. Failure Anal. 16 (2009) 2114-2120. 
[147] G. Eggeler, A. Ramteke, M. Coleman, B. Chew, G. Peter, A. Burblies, J. Hald, C. 
Jefferey, J. Rantala, M. deWitte, Analysis of creep in a welded ‘P91’pressure vessel, Int. J. 
Pressure Vessels Piping. 60 (1994) 237-257. 
[148] C. Berger, A. Scholz, Y. Wang, K. Mayer, Creep and creep rupture behaviour of 650° 
C ferritic/martensitic super heat resistant steels, Zeitschrift für Metallkunde. 96 (2005) 668-
674. 
[149] S. Kimmins, D. Smith, On the relaxation of interface stresses during creep of ferritic 
steel weldments, J. Strain. Anal. Eng. 33 (1998) 195-206. 
 
 
269 
[150] K. Sawada, K. Miyahara, H. Kushima, K. Kimura, S. Matsuoka, Contribution of 
microstructural factors to hardness change during creep exposure in mod. 9Cr-1Mo steel, ISIJ 
Int. 45 (2005) 1934-1939. 
[151] J. Siefert, J. Shingledecker, J. Parker, Optimization of vickers hardness parameters for 
micro- and macro-indentation of Grade 91 steel, J. Test. Eval. 41 (2013) 1-10. 
[152] T. Lant, D. Robinson, B. Spafford, J. Storesund, Review of weld repair procedures for 
low alloy steels designed to minimise the risk of future cracking, Int. J. Pressure Vessels 
Piping. 78 (2001) 813-818. 
[153] P. W. Fuerschbach, G.R. Eisler, Determination of material properties for welding 
models by means of arc weld experiments, in: S.A. David (Ed.), Trends in Welding Research: 
Proceedings of the 6th International Conference on Trends in Welding Research, Pine 
Mountain, Georgia, 15th-19th April 2002. 
[154] Y. Gu, G. West, R.C. Thomson, J. Parker, Investigation of creep damage and cavitation 
mechanisms in P92 steels, in: D. Gandy and J. Shingledecker (Eds.), Advances in Materials 
Technology for Fossil Power Plants: Proceedings from the 7th International Conference 
(EPRI 2013), 22nd-25th October 2013, Waikoloa, Hawaii, USA. ASM International, Ohio, 
pp. 596 - 606.  
[155] A. Baltusnikas, I. Lukosiute, R. Levinskas, Transformation kinetics of M23C6 carbide 
lattice parameters in low alloyed steel, Mater. Sci. Medzg. 16 (2010) 320-323. 
[156] V. Sklenička, K. Kuchařová, M. Svoboda, L. Kloc, J. Buršı́k, A. Kroupa, Long-term 
creep behavior of 9–12% Cr power plant steels, Mater. Charact. 51 (2003) 35-48. 
[157] K. Sawada, M. Taneike, K. Kimura, F. Abe, In-situ observation of recovery of lath 
structure in 9% chromium creep resistant steel, Mater. Sci. Technol. 19 (2003) 739-742. 
[158] F. Abe, Effect of fine precipitation and subsequent coarsening of Fe2W Laves phase on 
the creep deformation behavior of tempered martensitic 9Cr-W steels, Metall. Mater. Trans. 
A. 36 (2005) 321-332. 
[159] O. Prat, J. Garcia, D. Rojas, G. Sauthoff, G. Inden, The role of Laves phase on 
microstructure evolution and creep strength of novel 9% Cr heat resistant steels, 
Intermetallics. 32 (2013) 362-372. 
 
 
270 
[160] H.K. Danielsen, J. Hald, On the nucleation and dissolution process of Z-phase Cr(V, 
Nb)N in martensitic 12% Cr steels, Mater. Sci. Eng. A. 505 (2009) 169-177. 
[161] K. Asano, T. Nakano, Deoxidation of molten steel with deoxidizer containing 
Aluminum, Trans. ISIJ, 12 (1972) 343-349. 
[162] S.L. Case, K.R.V. Horn, Aluminum in Iron and Steel, Wiley, New York, 1953. 
[163] F. Abe, Precipitate design for creep strengthening of 9% Cr tempered martensitic steel 
for ultra-supercritical power plants, Sci. Technol. Adv. Mater. 9 (2008) 1-15. 
[164] M.L. Santella, Influence of chemical compositions on lower ferrite-austenite 
transformation temperatures in 9% cr steels, J Press. Vess-T. 134 (2012) 021404.  
[165] ASTM A1033-04: Standard practice for quantitative measurement and reporting of 
hypoeutectoid carbon and low-alloy steel phase transformations, ASTM International. (2004) 
1-14. 
[166] J. Siefert, B. Leister, J. DuPont, Considerations in development of CCT diagrams for 
complex ferritic materials, Mater. Sci. Technol. 31 (2015) 651-660. 
[167] J. Lee, K. Maruyama, Mechanism of Microstructural Deterioration Preceding Type IV 
Failure in Weldment of Mod. 9Cr-1Mo Steel, Met. Mater. Int, 21.4 (2015) 639-645 
[168] T. Endo, F. Masuyama, K. Park, Change in vickers hardness and substructure during 
creep of a Mod. 9Cr-1Mo steel, Mater. Trans. 44 (2003) 239-246. 
[169] C. Keller, M. Margulies, Z. Hadjem-Hamouche, I. Guillot, Influence of the temperature 
on the tensile behaviour of a modified 9Cr-1Mo T91 martensitic steel, Mater. Sci. Eng. A. 
527 (2010) 6758-6764. 
[170] A. Kostka, K. Tak, R. Hellmig, Y. Estrin, G. Eggeler, On the contribution of carbides 
and micro-grain boundaries to the creep strength of tempered martensite ferritic steels, Acta 
Mater. 55 (2007) 539-550. 
[171] A. Kabadwal, M. Tamura, K. Shinozuka, H. Esaka, Recovery and precipitate analysis 
of 9Cr1MoVNb steel during creep, Metall. Mater. Trans. A. 41 (2010) 364-379. 
 
 
271 
[172] G. Götz, W. Blum, Influence of thermal history on precipitation of hardening phases in 
tempered martensite 10% Cr steel X12CrMoWVNbN 10-1-1, Mater. Sci. Eng., A. 348 (2003) 
201-207. 
[173] J. Parker, Factors affecting Type IV creep damage in Grade 91 steel welds, Mater. Sci. 
Eng. A. 578 (2013) 430-437. 
[174] H. Rampaul, Pipe Welding Procedures, Industrial Press, New York, 2003. 
[175] D. Abson, J. Rothwell, Review of type IV cracking of weldments in 9-12% Cr creep 
strength enhanced ferritic steels, Int. Mater. Rev. 58 (2013) 437-473. 
[176] H.G. Armaki, R. Chen, K. Maruyama, M. Igarashi, Creep behavior and degradation of 
subgrain structures pinned by nanoscale precipitates in strength-enhanced 5 to 12 pct Cr 
ferritic steels, Metall. Mater. Trans. A. 42 (2011) 3084-3094. 
[177] L. Zhao, H. Jing, L. Xu, J. An, G. Xiao, D. Xu, Y. Chen, Y. Han, Investigation on 
mechanism of type IV cracking in P92 steel at 650°C, J. Mater. Res. 26 (2011) 934-943. 
[178] K. Sakuraya, H. Okada, F. Abe, BN type inclusions formed in high Cr ferritic heat 
resistant steel, Energy Materials. 1 (2006) 158-166. 
 
 
 
 
 
 
